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a b s t r a c t

Recently, polymer crystallization in ultrathin films (thickness less than 100 nm) on solid substrates has
attracted increased attention. As it can be considered to be a quasi-two-dimensional (2D) system with
one-dimensional (1D) confinement along the substrate normal, ultrathin polymer film offers unique pos-
eywords:
ltrathin film
olymer crystallization
orphology

rystal growth

sibilities for testing the theories of crystallization and for studying the effects of confinement and interface
which may invoke new mechanisms other than those applied in bulk crystallization of polymers. In this
article, we will summarize the important results of ultrathin film crystallization of polymers obtained
in the past decades. The morphologies, the crystallization kinetics, and the transformation between
monolayer crystals with various metastabilities are reviewed in depth, with an attempt at discussing
the ultrathin polymer film crystallization in the general framework of thermodynamics and kinetics of
hickening crystallization.

. Introduction

Ordering and crystallization of polymeric chains with regular
hemistry structure is one of the most striking phenomena in con-
ensed matter physics [1,2]. The process of polymer crystallization

s a transition from a randomly coiled state to a perfectly ordered

tate. During this process a hierarchy of ordered structure devel-
ps, which in turn controls the physical properties of the polymer
aterials. In bulk, spherulites are the most common superstruc-

ures observed when crystallizing from melt, while single crystals

∗ Corresponding author. Tel.: +86 10 62753370; fax: +86 10 62753370.
E-mail address: eqchen@pku.edu.cn (E.-Q. Chen).

1 For the PKU special issue.

010-8545/$ – see front matter © 2010 Elsevier B.V. All rights reserved.
oi:10.1016/j.ccr.2010.02.017
© 2010 Elsevier B.V. All rights reserved.

and dendrites can be grown from dilute solutions. Since the discov-
ery of platelet single crystals by Keller [3], Till [4], Fischer [5], and
the others [6] at the later 1950s, the concept of folded-chain crystal
has been widely accepted. Actually, these lamellar crystalline struc-
tures with its one dimension only several or tens of nanometers,
referred to as lamellae, are the basic unit of crystalline polymer sub-
stances, of which spherulites and other polycrystalline aggregate
are composed.

As one of the most important forms of polymer matter, folded-
chain crystals are non-equilibrium structures that trapped in

metastable states with a significant degree of disorder, mainly char-
acterized by the degree of chain folding [7]. Much effort has been
devoted to understanding the molecular mechanism of forming
this basic form of polymer crystals. Despite many thermodynamic
considerations in the early years and a few recent discussions on

http://www.sciencedirect.com/science/journal/00108545
http://www.elsevier.com/locate/ccr
mailto:eqchen@pku.edu.cn
dx.doi.org/10.1016/j.ccr.2010.02.017
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ucleation, there is now a wide agreement that the structure of
he polymer crystals is governed by kinetic rather than equilib-
ium factors [8]. Kinetically, the crystal growth rate results from the
ompetition between the thermodynamic driving force which is
elated to the supercooling and a free energy barrier for crystalliza-
ion. Moreover, the resulting growth rate is a function of lamellar
hickness. Kinetic theories further assume that the thickness cor-
esponding to the maximum growth rate on the lateral growth
urfaces is chosen to grow macroscopic lamellae. The two most
uccessful kinetic theories on polymer crystallization are the sur-
ace nucleation model formulated by Lauritzen and Hoffman (LH)
9–11], and the more recent entropic barrier model proposed by
ilmer and Sadler (GS) [12,13]. Both are based on the considera-

ion of kinetic processes on the lateral growth faces thus belong to
econdary nucleation theories (growth theories). It is the expla-
ation of the origin of the barrier that differentiates these two
odels. In the LH model, an energy barrier is considered and it
ust be overcome via a random fluctuation as a molecule or a

egment of a long chain attaches itself to the crystal growth front.
owever, the GS model argues that in addition to any free energy

erms, the slowing down of attachment of a long segment onto a
rowth front is caused by exploring many possible configurations,
nly a few of which are favorable to grow further. Therefore, the
arrier of GS model is largely entropic in nature. The LH model
as been the most popular theory since its birth and it has been
idely utilized to quantitatively fit experimental results because

t is analytical and easy to apply, though more and more observa-
ions that cannot be explained by the LH model have been reported.
he most recent progress in polymer crystallization comes from the
tudy of the early stages of polymer crystallization [14]. It has been
roposed that crystallization is preceded by an ordered precursor,
hich is either induced by a spinodal-assisted mechanism [15,16]

r assumed to be a mesomorphic phase on the crystal growth front
17–19]. Since a detailed discussion of polymer crystallization in
ulk is beyond the scope of this review, interested readers can
efer to literature for further information, and in particular, a very
ecent book by Cheng [7] treating polymer crystallization as a phase
ransition involving metastable states is highly recommended.

Recently, polymer crystallization under spatial confinement,
specially in thin (thickness less than 1000 nm) and ultrathin
thickness less than 100 nm) films on solid substrates, has attracted
ncreasing attention [20]. The objective to study polymer crystal-
ization confined in ultrathin films is twofold: (i) to develop new
echnologies and to enhance device performance, (ii) to provide
ew evidence to better understand the nature of polymer crystal-

ization. On the one hand, polymer thin films have many potential
pplications in the field of molecular electronics, optics, sensors,
nd solar cells. It is possible to alter the properties of these devices
ia changing the degree of confinement and different interfaces. On
he other hand, the morphology, crystallization kinetics, melting
emperature, and other physical properties of individual lamellar
rystals can be probed both in situ and real time in thin films in
ontrast to the averaged information obtained in bulk. It offers
nique possibilities for testing theory. The molecular pathway dur-

ng crystallization is expected to be directly monitored and there is
ndeed some progress in this area [21]. Moreover, as thin polymer
lms can be considered as a one-dimensional (1D) confinement
ystem, it is of great interest to study the effects of confinement
nd interface. The chain orientation, segmental mobility, trans-
orting process, and surface free energy at the interface which are
sually neglected in bulk may become dominant factors in thin

lms. Therefore, new mechanisms other than those applied in bulk
rystallization of polymers may be invoked.

A thin film on a substrate is subject to 1D confinement along
he normal of substrate. Other examples of the 1D confinement
re free standing films, lamellar phases of block copolymers,
try Reviews 254 (2010) 1011–1037

and nanolayer assemblies created by a layer-multiplying coex-
trusion method. On the substrates, polymer crystallization in
almost all types of polymer systems, from most conventional
semicrystalline homopolymers such as polyethylene (PE) or
n-alkane [22–26], poly(ethylene oxide) (PEO) [27–33], poly(di-
n-hexane) (PDHS) [20,34], polypropylene (PP) [35–38], isotropic
polystyrene (i-PS) [39–41], poly(3-hydroxybutyrate) (PHB)
[42–45], poly(butylenes adipate) (PBA) [46], poly(ethylene
succinate) (PES) [47], poly(butylene succinate) (PBS) [48],
poly(l-lactide) (PLLA) and poly(d-lactide) (PDLA) [49–54],
poly(�-caprolactone) (PCL) [53,55–58], poly(vinylidene fluo-
ride) (PVDF) [59], poly(3,4-ethylenedioxythiophene) (PEDOT) [60],
poly(ethylene 2,6-naphthalate) (PEN) [61,62], poly(trimethylene
2,6-naphthalate) (PTN) [63], poly(ethylene terephthalate) (PET)
[64–66], and poly(trimethylene terephthalate) (PTT) [67],
semicrystalline copolymers such as poly(bisphenol A alkyl ether)
(BA-Cn) [68–71], poly(vinylidenefluoride-co-trifluoroethylene)
(P(VDF-TrFE)) [72], poly(ethylene-vinyl acetate) (EVA) [73],
and poly(l/d-lactide) [52], and polymer blends with more
than one crystallizable component such as PCL/poly(vinyl
chloride) (PVC) [74], PLLA/PDLA [52], PLLA/poly(ethylene
glycol) (PEG) [50], PEO/PMMA [75–80], PEO/poly(arylene sul-
fone oxide) (PASO) [81], and PEO/polybutadiene (PB) [81],
to block copolymers with one or more crystallizable blocks
such as PS-b-PEO [82,83], PLLA-b-PS [84,85], PLLA-b-PEG [86],
PEO-b-PB [87–89], poly(2-vinylpyridine) (P2VP)-b-PEO [90],
poly(high-1,4-butadiene)-b-poly(styrene-r-butadiene) [91], and
poly(high-1,4-butadiene)-b-poly(high-3,4-isoprene) [91], and
semicrystalline polymer brushes grown from the substrates [92],
have been studied extensively. Almost every aspect of polymer
crystallization usually discussed for bulk systems, including mor-
phology, kinetics, and metastability, have been addressed and
some new crystallization habits have been discovered.

The film thickness that characterizes the degree of confinement
and the substrate that controls the strength of substrate/polymer
interface interaction are two most important parameters in thin
film systems. The aforementioned categorization of thin and ultra-
thin films in terms of thickness is somewhat arbitrary. The change of
some physical properties, such as molecular orientation and mor-
phology, behaves discontinuously with decrease of film thickness.
According to Ma et al., film thickness can roughly be classified into
three categories [93]. The first category includes those films thicker
than several hundred nanometers (usually termed as thin film).
There, spherulites or lamellar bundles are usually observed and
predominantly edge-on lamellae (with chain axis parallel to the
substrate) are found. In the second category, the film thickness is
less than 100 nm but larger than the coil size of polymers (usu-
ally termed as ultrathin film), wherein both edge-on and flat-on
lamellae (with chain axis normal to the substrate) can form and
typical morphologies are two-dimensional spherulites, seaweeds,
dendrites, and multilayer lamellae with a spiral structure. The third
category includes film thickness down to the coil size (also termed
as ultrathin film, but in this review the term of “monolayer” is used),
approaching a quasi-two-dimensional (quasi-2D) state where dif-
fusion may become the dominant parameter instead of surface
nucleation during crystallization. Thus, in monolayers the crys-
tals usually grow with typical diffusion-limited morphologies, such
as seaweeds and dendrites. In the literature, the term “thin film”
sometimes refers to all films with thickness below 1000 nm. To
avoid ambiguity, hereafter, thin film, ultrathin film, and monolayer,
are used to exactly correspond to the three categories, respectively.

It is worth mentioning here that some other physical properties are
also significantly affected when reducing film thickness, but they
change without discontinuities. Examples are crystallinity, crys-
tallization kinetics, and optical and electronic properties such as
conductivity.
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Fig. 1. Illustration of edge-on (left) and flat-on (right) lamellae. Note that the normal
of the basal planes is either parallel to (edge-on) or normal to (flat-on) the substrate
surface. The lamellar thickness is denoted as l and the other two dimensions are
Y.-X. Liu, E.-Q. Chen / Coordination C

While the size effect related to film thickness has been widely
nvestigated in the literature, fewer experiments concerning the
ubstrate effect have been carried out, mainly due to the lack of var-
ous kinds of atomic flat substrates with different surface properties
nd the difficulty to tune surface properties of the substrate contin-
ously and freely. A further difficulty arises from the fact that it is
eally hard to split the substrate effect from size effect because they
ften couple together. Therefore, understanding of the substrate
ffect on the structure and molecular dynamics at the interface is
till rudimentary. However, it is believed that interactions between
ubstrate and polymers should play an important role on crystal-
ization behavior. Several authors have reported a great depression
f melting temperature when single crystals on substrate were
eated, of which the degree of depression depends on the surface

ree energy of the substrate [25,94]. It is suggested that two classes
f substrates can be identified, namely sticky wall and slippery
all, which correspond to strong attractive and repulsive force at

he substrate/polymer interface, respectively [93]. Surely, whether
he substrate is sticky or slippery will also depend on the polymer
hereon.

Various techniques, including transmission electron microscopy
TEM) and electron diffraction (ED), scanning electron microscopy
SEM), atomic force microscopy (AFM), optical and polarized opti-
al microscopy (OM and POM), grazing incidence wide angle X-ray
iffraction (GIWAXD) and grazing incidence small-angle X-ray
cattering (GISAXS), reflection high energy electron diffraction
RHEED), grazing incidence reflection absorption Fourier transform
nfrared spectroscopy (RA-FTIR), and dielectric spectroscopy (DS),
ave been employed to study the crystallization of polymer ultra-
hin films on solid substrates for last two decades. The real space
maging methods (TEM, SEM, AFM, and POM) are usually used to
robe morphology, surface properties, crystallization kinetics, and
elting behavior, while the others can detect the crystalline lattice,

amellar orientation, segmental and chain mobility, crystallinity
nd crystallization kinetics, and melting temperature. Among all
bove mentioned techniques, AFM as a non-destructive technique
ith its ability to obtain nanoscale structural information of soft
aterials both in situ and at real time in different environments

s perhaps the most important and powerful one. The applica-
ion of AFM since the early 1990s has lead to a real change in
ur understanding of many fundamental processes. In particular,
apping-mode AFM (TM-AFM) coupled with a hot stage is quite
uitable for monitoring crystallization processes of a wide variety
f polymers in a wide temperature range. It has been extensively
pplied to investigate the crystalline morphology and the morphol-
gy evolution when subject to isothermal crystallization, melting,
r annealing. Some quantitative data such as lamellar thickness and
amellar growth rate of various semicrystalline polymers can be
btained. Much detailed information concerning individual crystal
amella in ultrathin film which is hard to be detected by other tech-
iques becomes accessible with the aid of TM-AFM. As the main

ocus of this review is the morphology and crystallization kinet-
cs of monolayer lamellae on substrate, we will largely discuss the
xperimental results collected by TM-AFM.

In this review, we mainly focus on the topics of lamellar orien-
ation transition, morphology diagram, crystallization kinetics in
hin films, and the transformation between crystals (particularly

onolayers) with various metastabilities. Although these aspects
ill be reviewed separately, we intend to put the different experi-
ental and simulation observations and explanations suggested in

iterature in the framework of general crystallization theory. As we

ill emphasize below, the morphology of lamellar crystals grown

n thin polymer films is still determined by both nucleation step
nd crystal growth step in non-equilibrium condition. The growth
inetics can be either nucleation- or diffusion-limited; and for the
hin film case, particular attention should be paid to the diffu-
denoted as x and y, respectively. For edge-on lamellae, the dimension x is further
constrained by the film thickness. The free surface energy of fold surface �e is usually
much larger than that of lateral surface � l . Figure is reproduced from ref. [25] with
modified expressions for surface energies.

sion of chains. The transformation between lamellae with different
metastability is also expected to accommodate with classical nucle-
ation theory, of which the late stage may be described by Ostwald
ripening mechanism in general. On the other hand, we also intend
to clearly demonstrate that the film systems provide unique oppor-
tunities to deepen our understanding of complex crystallization
behaviors of polymer.

2. Structure and morphology

2.1. Edge-on and flat-on lamellae

Despite the presence of confinement and the substrate,
semicrystalline polymers can crystallize in a conventional man-
ner whereby polymer chains fold back and forth into stems to
form lamellae. One of the greatest differences between polymer
lamellae and small molecule single crystals is the anisotropy of
their surface structures. As shown in Fig. 1, polymer lamellae are
bounded by two basal surfaces covered by chain folds and several
lateral surfaces. Although the exact structure of the fold surface,
which may differ according to how the lamellae are formed, is not
clear at present [95], it is believed that chain folds are mainly in
amorphous or quasi-amorphous state in contrast to the lateral sur-
face of polymer lamellae and the fully crystallized faces of small
molecule single crystals. Therefore, the surface energy of the fold
surface is quite different from that of the lateral surface: the for-
mer is generally ten times larger than the latter, which is much
stronger than the differences among different crystalline faces of
small molecule single crystals. In bulk, the anisotropic lamellae can
isotropically distribute. However, for the thin films with thickness
reduced to the lamellar thickness or to a small multiple of it, the
anisotropic surface properties will eventually take effect because
lamellae cannot rotate freely in 1D confinement space. As a result,
preferential lamellae orientations should be produced in ultrathin
films. Indeed, the preference of lamellar orientations is widely con-
firmed by experiments and has emerged as one of the hot spots in
polymer crystallization of ultrathin films. Generally, two preferred
orientations are encountered mostly in experiments: perpendicu-
lar (edge-on lamellae) and at the other extreme parallel (flat-on
lamellae) to the substrate surface. Fig. 1 schematically shows these
two orientations. Lamellar orientations are different from chain ori-

entations. The lamellar orientation is the orientation of the normal
of the basal planes, while chain orientation is not always parallel to
the normal of the basal planes [96]. When the chain axis is parallel
to the normal of the basal planes, chain orientation and lamel-
lar orientation are the same. Questions in the literature concern
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hat controls the lamellar orientation and how. In this section we
rst give a summary of experimental observations and then review
ome theoretical models.

Before that, it is helpful to give a brief introduction on how to
dentify edge-on and flat-on lamellae in experiments. In most cases,
y using imaging methods such as AFM, TEM, and OM, lamellar
rientation can be easily recognized through morphology. Edge-
n lamellae are usually in fibrous form with nearly uniform width,
hich aggregate further into axialites, hedrites, and spherulites,
hereas flat-on lamellae may exhibit complicated patterns (den-
rites, seaweeds) as well as regular forms (hexagons, squares, and

ozenges) of faceted single crystals. Typical examples are given in
ig. 2 (more examples concerning different type of morphology can
e found in Fig. 11). Sometimes it is very difficult to tell whether
he lamellae are edge-on or flat-on only from the morphology. For
nstance, the lamella in Fig. 2c is actually a single crystal with flat-on
rientation, indicated by the sharp diffraction spots in ED pattern,
lthough its morphology is very similar to the spherulite shown
n Fig. 2a where edge-on lamellae are packed together forming a
olycrystalline structure. Therefore, ED is a powerful technique to
onfirm the lamellar orientation. Besides, GIWAXD and RA-FTIR are
lso adopted to evaluate lamellar orientation in thin and ultrathin
lms [27]. In GIWAXD, the lamellar orientation is determined by
crystal orientation function fc which is derived from the angle

etween polymer main chain direction and the normal of the sam-

le film. The lamellar orientation gradually changes from edge-on
o flat-on when the value of orientation order parameter fc ranges
rom −0.5 to 1.0, and fc = 0 indicates a random orientation. RA-FTIR
s used as a complementary technique that can reveal the local-

ig. 2. The identification of lamellar orientation via morphology and ED pattern. Edge-on
he border of the spherulite is shown), (b) axialites composed of single edge-on strands.
he ED pattern which indicates flat-on orientation of the seaweed. Figures are reproduc
ermission of the copyright holders.
try Reviews 254 (2010) 1011–1037

ized chain structure near the substrate. The electric field of the
infrared radiation reflected by the substrate is perpendicular to the
film surface provided that the film thickness is sufficiently thin-
ner compared to the wavelength of the incident infrared radiation.
Thus, vibration modes having transition moments perpendicular to
the film surface will appear with greater intensity than modes with
parallel orientation. Edge-on lamellae can be distinguished from
flat-on lamellae from the decrease of RA-FTIR intensity of modes
related to main chain vibrations. Other techniques like RHEED [97]
and near edge X-ray absorption fine structure (NEXAFS) [25,73,98]
are occasionally used by some researchers.

Film thickness and consequently the confinement effect is the
most investigated factor that affects the preference of the lamellar
orientation. On the one hand, edge-on lamellae are predominantly
found in thin films. Typical examples are crystallizations of PCL in
PCL/PVC blend films of ca. 10 �m thickness [74], PET films with sev-
eral hundred nanometers [100] and several micrometers [101], PP
films about 1 �m thickness [36], PEO films with thickness larger
than 300 nm [27], PTN films thicker than 200 nm [63], PCL films of
120 nm and 200 nm thickness [57,102], BA-Cn films with a thick-
ness between 100 and 300 nm [70,71,103,104], and isotactic PP
films with a thickness of about 200 nm [37,105,106]. It is also pos-
sible to preferentially grow edge-on lamellae even when the film
thickness is much less than 100 nm in some cases. Hu et al. observed
that edge-on lamellae were grown on the sub-flat-on lamellae in a

45 nm thick PDHS film [107]. Godovsky and Magonov reported that
quasi-2D spherulites with sheaflike patterns were able to form from
the dip-crystallized ultrathin films with a thickness of about 20 nm
[108]. Those spherulites are composed of aggregates of edge-on

lamellae are usually observed in (a) spherulites with clear lamellar packing (only
Flat-on lamellae usually exist in (c) seaweeds, (d) dendrites. The inset of (c) shows
ed from ref [99] for (a), ref. [70] for (b), ref. [57] for (c), and ref. [90] for (d), with
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amellae. The width of all above edge-on lamellae is of the order of
0 nm which is the typical thickness of polymer lamellae. However,
s shown by Tracz et al. [109], much thicker edge-on lamellae can
e produced via crystallization of PE at melt/HPOG interface, which

s attributed to the mechanism of lamellar thickening growth.
On the other hand, flat-on lamellae are preferred in ultrathin

lms and monolayers. For crystallization of monolayers, the chance
o find flat-on lamellae is exclusive. Reiter and Sommer [28] stud-
ed the crystallization of adsorbed PEO monolayers created via
seudodewetting and found that finger-like patterns with flat-on
rientation were formed. The monolayer thickness after crystalliza-
ion is between 5 and 10 nm as determined by AFM. The length of a
ully extended chain (Mw of the PEO is 7600 g/mol) in crystalline
tate is 48 nm. Therefore, each molecule in monolayer lamellae
olds more than five times. Later we [29] confirmed the pseudo-
ewetting phenomenon with PEO ultrathin films on freshly cleaved
ica substrates. Using X-ray reflectivity measurements, we deter-
ined the thickness of pseudodewetting layer of ∼4.5 nm for the

wo PEO samples (Mn = 4250 g/mol and Mn = 4700 g/mol) with dif-
erent chemistry of the chain ends. This liquid monolayer thickness
s smaller than the coil size of PEO chains in melt (about 5 nm),
mplying that the chain conformation at least in the surface normal
irection should be perturbed by the attraction force between PEO
nd the substrate. Similar results were obtained by other authors
or PEO monolayers [30,31,110–112] as well as for PEO/PMMA

lend monolayers [76–80]. In systematic studies on the crystalliza-
ion of i-PS in ultrathin film with thickness less than 20 nm, Taguchi
t al. [40,113] found that no matter what the morphologies were,
he monolayer lamellae were always flat-on. Other similar results
ere reported in ultrathin films of PCL [57,102] and PDHS [107]. By

ig. 3. Film thickness dependence of lamellar orientation by contact mode images of the
t 115 ◦C. The concentration of edge-on lamellae decreases gradually from (a) to (d). Figu
try Reviews 254 (2010) 1011–1037 1015

increasing film thickness to a small multiple of the coil size, without
changing its orientation (flat-on), the morphology becomes more
compacted, as observed in PEO ultrathin films with thicknesses
between 17 and 120 nm [114] and up to 300 nm [27], in i-PS ultra-
thin films thicker than 30 nm [41,115], in PLLA ultrathin films with
thickness of 20 and 50 nm [54] and of 500 nm [52], and in isotactic
PP thin films with thicknesses of about 200 nm [37,105,106]. The
flat-on crystals formed at large supercooling usually demonstrate
much thinner fingers, leaving fewer and narrower gaps among fin-
gers; at a very low supercooling, crystallization results in multilayer
faceted single crystals.

According to all the above experimental information, a general
trend is clearly revealed: decrease of film thickness gradually shifts
the favor of edge-on orientation to flat-on orientation. The more
the film thickness decreases, the more easily flat-on lamellae can
be observed. However, an exact transition thickness was seldom
reported. Keeping other conditions constant, Schönherr and Frank
[27] reported that 300 nm was the transition thickness for PEO films
on silicon wafers, whilst a transition thickness of 200 nm was deter-
mined for PTN films on silicon (1 0 0) and gold-coated silicon wafers
[63]. The difference of transition thicknesses may be attributed
to different polymer and substrate systems, different techniques
applied to measure the thickness, or rather that a sharp transition
point does not even exist. Indeed, by carefully examining experi-
mental observations in literature, one may find that the transition

from edge-on to flat-on orientation occurs in a broad range of thick-
nesses, and within the range there is a coexistence of edge-on and
flat-on lamellae. Many authors have studied this transition process
by varying film thickness [25,57,63,73,92,102,107,116,117], but
few of them focused on the transition region of the film thickness.

LLDPE films with thicknesses of (a) 370, (b) 194, (c) 126, (d) 21 nm fully crystallized
res are reproduced from ref. [116], with permission of the copyright holders.



1016 Y.-X. Liu, E.-Q. Chen / Coordination Chemis

Fig. 4. Ratio of area of edge-on lamellae to total area for films isothermally crystal-
lized typically for 2 h. The ratio is obtained from threshold and histogram of AFM
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mages. The ratio decreases with film thickness and the ratio of films crystallized
t a high temperature is much bigger than films crystallized at a low temperature
or same thicknesses in the smaller region of thicknesses. Figure is reproduced from
ef. [116], with permission of the copyright holders.

ost recently, Jeon and Krishnamoorti [116] carried out a system-
tic study on the film thickness dependence of lamellar orientation.
o study the effect of film thickness only, they purposely fabri-
ated a series of thin and ultrathin linear low-density PE (LLDPE)
lms with thickness ranging from 20 to 800 nm on etched sili-
on wafers by spin-coating method. The isothermal crystallization
as conducted after all prior thermal history was erased by a pre-
elting procedure. The morphologies of these crystallized films
ere observed by contact mode AFM. A typical sequence of images

s shown in Fig. 3. As the film thickness decreases, the morphology
aries from banded spherulite with regular undulations (Fig. 3a) to
heaflike morphologies (Fig. 3d) with two intermediate structures
Fig. 3b and c). Accompanying with the variation of morphologies,
he fraction of edge-on lamellae is reduced accordingly, as shown
n Fig. 4. A similar trend of this transition is also identified by Liang
t al. using GIWAXD and RA-FTIR techniques [63], which is demon-
trated either by the turnover of the signs of crystal orientation
unction (Fig. 5a) or by the decrease of absorbance ratio (Fig. 5b).

nterestingly, the transition thickness for LLDPE films crystallized at
15 ◦C and that for PTN films crystallized at 160 ◦C are both around
00 nm. However, it should be taken as a coincidence, because the
ransition thickness seems to depend on crystallization tempera-
ure. As can be seen from Fig. 4, the transition thickness for LLDPE

ig. 5. (a) The crystal orientation function calculated from GIWAXD results of isothermal
17 cm−1 and 1602 cm−1 band as functions of film thickness using RA-FTIR. Both figures
lm thickness. Figures are reproduced from ref. [63], with permission of the copyright ho
try Reviews 254 (2010) 1011–1037

films crystallized at 90 ◦C is smaller than the thickness for films
crystallized at 115 ◦C.

A simple thermodynamic model was proposed by Wang et al.
[73] to explain the preference of lamellar orientation in crystal-
lization of polymer films. The free energies of formation were first
calculated for edge-on and flat-on nucleus by assuming a spe-
cific shape and both contacting with substrate. Then the critical
dimensions for edge-on and flat-on nucleus were obtained through
minimizing the two free energies, respectively. Finally, the criti-
cal energy of nucleation for forming both types of nucleus were
readily calculated using critical dimensions. The result shows that
as long as the surface free energy of crystal/substrate interface is
smaller than that of melt/substrate interface, the critical nucle-
ation energy of edge-on nucleus is much lower than that of flat-on
nucleus. Thus, the primary nuclei favor edge-on orientation. When
the film is thick enough, it is assumed that the growth of lamellae
is more likely to take the same orientation of the primary nuclei
which is edge-on so as to avoid creating new interfaces. There-
fore, the model explains why edge-on orientation is preferred in
thick films. The situation becomes different in ultrathin films and
monolayers, as edge-on lamellae would create much more inter-
face areas than the continuous flat-on lamellae for they must be
packed together in a geometrically confined space. Thus, edge-on
orientation is no longer thermodynamically favorable and flat-on
lamellae are predominantly observed. However, this simple model
cannot explain some critical experimental observations. For exam-
ple, it is impossible to explain the appearance and disappearance
of embryos observed by Lei et al. [68] and Schönherr et al. [38].
The surviving embryos are indeed primary nuclei and must be
formed at or near the film surface, because if they were grown
from the edge-on nuclei formed at the polymer/substrate inter-
face, they would become stable after they touched the film surface
so they would not disappear. More importantly, this thermody-
namic model is insufficient to describe the decrease of the fraction
of edge-on lamellae with decrease of film thickness and the coex-
istence of two types of lamellae with different orientations. In fact,
the coexistence of edge-on and flat-on orientation forces one to
conclude that the reorientation is a kinetic process rather than an
equilibrium case. In addition, this model assumes that there is no
difference of surface free energy between fold surface and lateral

surface of lamellae, meaning that the anisotropic feature of poly-
mer lamellae is neglected. The validity of this model is not fully
examined yet.

To improve the understanding of the effect of film thickness
on lamellar orientation, Chan and co-workers recently proposed a

ly crystallized PTN films as a function of film thickness. (b) Absorbance ratios of the
show that the lamellar orientation shift from edge-on to flat-on with decrease of
lders.
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ig. 6. (a) Schematic showing of the three-layer model for a polymer/attractive sub
ith Tg = Tg,1 near the film surface (left) and Tg = Tg,3 near the substrate surface (righ

nterface linked to an edge-on lamella. Figures are reproduced from ref. [117], with

hree-layer model [117]. There, in addition to nucleation effects,
inetic effects are also incorporated. Firstly, the nucleation effects
re considered. It is well-known that the local chain (segmental)
obility or glass transition temperature (Tg) of a thin film varies

s a function of depth into the sample. In particular, they consider
hat the free surface region causes a local enhancement of dynam-
cs that leads to reduction of the Tg value, and the substrate retards
he segmental mobility resulting in an increase of the Tg value.
hese two effects produce three layers of polymers with different
gs in thin films. Fig. 6a gives a schematic showing of the three-
ayer model for a polymer thin film. The relation of Tgs of three
ayers is Tg,1 < Tg,2 < T g,3, where Tg,1, Tg,2, and Tg,3 is the Tg of the
ayer of free surface, the middle layer or bulk, and the layer of poly-

er/substrate interface, respectively. In polymer crystallization, it
s well established that the plot of the primary nucleation rate as a
unction of temperature bears a peak almost centered in the tem-
erature range of Tg and Tm, and exhibits a overall bell shape. Since
he Tgs of the free surface layer and the polymer/substrate inter-
ace layer are different, a significant shift of the peak value of the
rimary nucleation rate for these two layers is expected, as shown

n Fig. 6b. This difference suggests that the nucleation at the free
urface is favored under low temperatures, while the nucleation
ear the polymer/substrate interface is faster under high tempera-
ures. Illuminated by the simple thermodynamic model, Chan and
o-workers assume that nucleation of flat-on lamellae are preferred
t the polymer/substrate interface. (Note that the constraint of this
ssumption is much weaker than that of the thermodynamic model
here the film thickness needs to be sufficiently thin to make flat-

n orientation favorable.) But, unlike the simple thermodynamic
odel, they argue that the nucleation of edge-on lamellae occurs

nly at the free surface. It is believed that the much smaller sur-
ace energy of lateral surface (Fig. 1) than that of the fold surface
s the main reason why edge-on orientation is preferred at the free
urface. Combining all above nucleation mechanisms together, the
hree-layer model predicts that edge-on lamellae will predominant
t low temperatures close to Tg while flat-on lamellae will be pre-
erred at high temperatures approaching to Tm. This crystallization
emperature dependence of lamellar orientation is noticed by some
uthors and will also be discussed later on.

After the consideration mentioned above, Chan and co-workers
ntroduced kinetic effects. When crystallized at intermediate tem-

eratures, nucleation of edge-on and flat-on lamellae both can
ccur in appreciable rates so that they will compete with each
ther. If the film is not too thick, edge-on lamellae nucleated at
he free surface can propagate to the substrate in a short time
nd meanwhile flat-on lamellae nucleated at the polymer/substrate
system. (b) Bell shaped curves for the nucleation rates of the polymer in the layer
Illustration of the formation of an induced flat-on nucleus at the polymer/substrate
ission of the copyright holders.

interface can grow to the free surface. Therefore, there should be a
coexistence of edge-on and flat-on lamellae when observed by sur-
face imaging techniques. Furthermore, when the edge-on lamellae
touch the substrate, loose loops and protruding cilia attaching to
the substrate may induce additional formation of flat-on nuclei,
as shown schematically in Fig. 6c. The fast growth of these nuclei
and other flat-on lamellae will eventually lead to the enclosure of
edge-on lamellae if a much faster growth rate of flat-on lamellae
than that of edge-on lamellae is assumed. As the film thickness
increases, it will need much longer time for flat-on lamellae ini-
tially on the substrate to grow upwardly to the free surface. The
melt near the free surface region will be exhausted by the growth of
edge-on lamellae, which have originated at the free surface, before
flat-on lamellae propagate to this region. Thus, an increase of the
concentration of edge-on lamellae with increase of film thickness
can be predicted by the three-layer model. Even at high tempera-
tures, where the nucleation rate of edge-on lamellae is much slower
than the nucleation rate of flat-on lamellae, edge-on lamellae will
be predominantly observed at least near the film surface. Most of
above predictions agree well with experimental observations.

Although the three-layer model improves our understanding
of the effects of film thickness as well as crystallization temper-
ature on the preferential lamellar orientation phenomenon, it is
only qualitative, and says nothing of how many the value of Tg

will vary from the film top surface to the substrate surface. It is
unable to obtain the exact transition thickness using this model
in the present version. Much work has to be done before it can
predict the experimental results quantitatively. To achieve a quan-
titative description of this model, the effects of film thickness and
crystallization temperature must first be delineated. In the case
of lack of quantitative description, the results containing infor-
mation not only at the film surface but also in whole film using
GIWAXD and RA-FTIR measurements cannot be explained directly
in the context of three-layer model. According to three-layer model,
when the film is thick enough and the temperature is high, flat-
on lamellae have no chance to appear at the free surface due to
kinetic limitations. However, the fraction of flat-on lamellae can
overwhelm the fraction of edge-on lamellae since the nucleation
rate of flat-on lamellae is much higher than that of edge-on lamel-
lae. Consequently, despite the abundance of edge-on lamellae at
the free surface, flat-on lamellae should still be predominant in

the whole film. Then, the transition thickness obtained via tech-
niques probing whole film (GIWAXD, RA-FTIR) will be bigger than
that obtained via surface imaging techniques (AFM) when crystal-
lized at high temperatures. Or, no transition of lamellar orientation
can be detected via GIWAXD or RA-FTIR. This phenomenon has not
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een investigated yet. Another shortage of the three-layer model is
hat it cannot be readily extended to the case of none or repulsive
nteractions at polymer/substrate interface due to the fact that the
trong attractive interaction is necessary for constructing the three
ayers with different Tgs.

As predicted by the three-layer model, crystallization tempera-
ure affects lamellar orientation in a similar way as film thickness
oes. With the increase of the temperature, a transition from
dge-on lamellae to flat-on lamellae should occur. This prediction
as confirmed by Chan and co-workers [117] and also by other

uthors [47,116] Fig. 7 shows a typical sequence of morphologies
hich change correspondingly with crystallization temperatures.

he film thickness (33 nm) was purposely chosen by the authors to
e close to the threshold thickness at which Tg began to dramati-
ally increase by reducing film thickness. At very low temperature
45 ◦C), the image is filled with curved edge-on lamellae and no
at-on lamellae can be found. By raising the temperature to 60 ◦C,
at-on lamellae appear in the matrix of edge-on lamellae, although
hey are both small and scarce. At higher temperatures, more and

ore flat-on lamellae develop until they totally cover the whole
mage area at 90 ◦C. These results clearly demonstrate that low tem-
erature favors edge-on lamellae, while high temperature prefers
at-on lamellae. Jeon and Krishnamoorti [116] reported a similar
esult, although only two temperatures, one close to the melting
emperature and the other much lower, were investigated. Fig. 4
hows the ratio of area of edge-on lamellae to the total area they
easured from recorded images. As expected, the ratio at 90 ◦C is

igher than that obtained at 115 ◦C when film thickness is less than
00 nm. However, when the film thickness exceeds 200 nm where
anded spherulites were formed, the fraction of edge-on lamel-

ae was comparable at both crystallization temperatures. Another
emonstration of the effect of temperature on lamellar orientation

as given by Yuryev et al. [52]. In crystallization of PLLA thin films

about 500 nm thick), they observed that the transition from edge-
n lamellae to flat-on lamellae was coupled with an interesting
ransformation of morphology, from non-oriented stacks, perfect
D spherulites, axialites, to truncated lozenge morphology.

ig. 7. A set of height (upper row) and the corresponding phase (bottom row) AFM imag
lms with thicknesses of about 33 nm crystallized at 45 (a and b), 60 (c and d), 75 (e and

amellae (large smooth regions) become more and more prominent. The scale bar in (h
eproduced from ref. [117], with permission of the copyright holders.
try Reviews 254 (2010) 1011–1037

It is well known that molecular weight (or chain length) is a very
important parameter in polymer crystallization, especially for low
molecular weight polymers [8]. It is possible that when crystallized
at a certain temperature, only higher molecular weight polymers
can crystallize while lower molecular weight polymers is still in liq-
uid state. In other words, the supercooling (also the driving force for
crystallization) of higher molecular weight polymers is larger than
that of lower molecular weight polymers, although they are under
the same crystallization temperature. Thus, it can be expected
that molecular weight will also significantly affect lamellar ori-
entation just like crystallization temperature does. Unfortunately,
none of investigations concerning this effect for polymers has been
reported. The study of molecular orientation of crystalline ultrathin
films of linear alkanes with different chain length may give some
hints [98]. Fu and Urquhart studied the molecular orientation of
thin films of two n-alkanes, n-C60H122 (HC) and n-C36H74 (HTC)
by NEXAFS spectroscopy. The results show that the longer chain
molecules prefer to lie down on the substrate (analogue to edge-
on orientation), while the shorter chain molecules tend to stand
on the substrate with methyl group at the substrate surface and
chain backbone normal to the substrate (analogue to flat-on ori-
entation). The authors explained this phenomenon by considering
the free energy associated with different molecular orientations.
The methyl group favors locating at the substrate surface due to
the lower surface free energy of the methyl group compared to the
methylene group. Therefore, the “flat-on” orientation of n-alkanes
on substrate should be the equilibrium configuration. However,
as the alkane molecules were deposited to the substrate in a
non-equilibrium condition where alkanes were supercooled, the
stronger enthalpic interaction of HC with NaCl surface relative to
HTC should hold HC molecules laterally oriented on the substrate.
With reducing the chain length or with increasing temperature,

“edge-on” molecules will gain enough energy to overcome the
interaction with substrate and to orient “flat-on”. Thus, “edge-on”
orientation is kinetically preferred. Although the case of poly-
mers should be more complicated due to the folding of long chain
molecules, both the stronger enthalpic interaction and dilution of

es shows the crystalline morphologies of poly(bisphenol A hexane ether) (BA-C6)
f), and 90 ◦C (g and h) for 84 h. As the crystallization temperature increases, flat-on
) indicating a length of 10 �m is applicable to all presented images. Figures are



hemis

c
m
o
A
l
t
fl
t
t
t
t
s

t
a
t
b
g
[
c
m
n
s
f
r
i
a
r
a
d
s
l
o
c
a
i
t
g
t
r
d
e
(
l
n
c
s
a
t
(
b
P
t
i
T
p
i
I
t
c
m
t
w
a
l
w

Y.-X. Liu, E.-Q. Chen / Coordination C

hain ends will cause the favor of edge-on orientation for higher
olecular weight polymers. From this point of view, the effect

f crystallization temperature can also be explained in this way.
nother implication is that end group effect cannot be ignored for

ow molecular weight polymers. If there is much stronger attrac-
ive interaction of end groups compared to backbone segments,
at-on orientation is the final equilibrium structure. Otherwise, if
here is much stronger repulsive interaction of end groups than
hat of backbone segments, edge-on orientation is preferred. Note
hat final equilibrium orientation must not be the actual orien-
ation because kinetic effects can play dominant role. All above
peculations have not been intensively studied till now.

As can be seen from the above accounts, it is almost impossible
o avoid considering the role of the interaction between polymers
nd substrate even when the studies intend to focus on other fac-
ors. Despite the importance of substrate effect, few results have
een published. As an attempt to understand the microscopic ori-
in of the dominance of flat-on lamellae in ultrathin films, Ma et al.
93] performed dynamic Monte Carlo (MC) simulations to study the
rystallization kinetics as well as the molecular orientation for 128-
ers. To elucidate the effect of the substrate, two kinds of substrate,

amely sticky wall and slippery wall, linking to adhesive and repul-
ive interactions respectively, were investigated. They found that
or slippery walls, edge-on lamellae were dominant at the whole
ange of crystallization temperature and film thickness they exam-
ned, while as to sticky walls, flat-on lamellae tended to dominate
t high temperatures or at small film thickness. Surprisingly, these
esults are contrary to the case of crystallization of alkanes, wherein
lkanes are often observed to prefer to lie down on the substrate
ue to the strong attraction between alkane backbone and the sub-
trate [118]. In order to explore the origin of the preference of
amellar orientation in ultrathin films, the crystal growth of two
rientations was studied via a so called self-seeding technique. The
omputer simulations show that the growth of edge-on lamellae is
lmost completely suppressed on sticky walls because the thicken-
ng of the lamellae at the lateral growth fronts is badly restricted by
he frozen effect of sticky walls on the proximate segments, while
rowth of flat-on lamellae undergoes a limited retardation. Then,
he authors claim that the dominance of flat-on lamellae can be
elated to the inhibited growth of edge-on lamellae due to the hin-
ered thickening of lamellae at the lateral growth front. To this
nd, one may simply attribute the contradiction between polymer
128-mers) and alkane (15-mers to 50-mers) to much longer chain
ength of polymers compared to that of alkanes, because there is
o need for short chain molecules to thicken to grow extended
hain crystals. However, these results of MC simulations are also not
upported by some experimental observations for polymers. Hu et
l. [34] studied the morphology and structure of crystalline PDHS
hin films and found that on the amorphous carbon coated mica
slippery wall), where there are weak van der Waals interactions
etween absorbed molecules and substrate, flat-on lamellae of
DHS were dominantly formed, while on HOPG (sticky wall), where
here are strong van der Waals interactions at polymer/substrate
nterface, edge-on orientation for PDHS lamellae was preferred.
hey propose that the selection of orientation for lamellae as well as
olymer chain is governed by the balance of absorbate–absorbate

ntermolecular interactions and molecules–substrate interactions.
f intermolecular interactions exceed molecule–substrate interac-
ions, as in the case of PDHS thin films on amorphous carbon
oated mica surface, flat-on orientation is selected. By enhancing
olecule–substrate interactions, polymer chains tend to lie down
o gain more interaction energy. But, there are also some situations
here experiments coincide with computer simulations. Wang et

l. [25] observed a transition from edge-on to mainly flat-on lamel-
ar orientation with decreasing film thickness when PE thin films

ere crystallized on silicon (1 1 1) wafers (Si), while for aluminum
try Reviews 254 (2010) 1011–1037 1019

coated silicon wafers (Al) and polyimide sheets (PI), only edge-on
lamellae were observed in all film thicknesses. Since the surface
free energy of PE/Si interface is smaller than that of PE/Al and PE/PI,
Si substrate can be considered as a sticky wall and the other two
are more close to slippery walls. These observations seem to agree
quite well with the predictions of MC simulations. In addition, the
fact that a transition of lamellar orientation occurs during varying
film thickness for the same substrate also imply that one should
not simply assign a lamellar orientation according to the proper-
ties of the substrate without considering other factors such as film
thickness, temperatures, etc. The discrepancy between computer
simulations and experiments indicates that the effect of substrate
on the selection of lamellar orientation is still poorly understood.

Besides, other factors, such as sample preparation methods
(spin-coating, drop-casting, dip-coating, melt-cast, vacuum depo-
sition), solvent, non-crystalline block in block copolymers, and
non-crystalline component in blends can also affect lamellar orien-
tation. The way how thin films are prepared may not be critical, but
attention should be paid to ensure that the experimental observa-
tions are reproducible. It is believed that non-crystalline blocks or
components can alter the surface free energy at polymer/substrate
interface. Through controlling the fraction of the non-crystalline
block and the concentration of the non-crystalline component, one
can adjust the surface free energy at polymer/substrate easily and
continuously. Therefore, the effect of non-crystalline blocks or com-
ponents may be mapped to the substrate effect. Moreover, the
crystallization of crystalline block will additionally constrained by
the microphase separation of block copolymers.

Remarkably, the transition of lamellar orientation not only
occurs by varying above listed factors but also can take place when
lamellae grow to some extent. The latter phenomenon was first
clearly demonstrated by the work of Kikkawa et al. [53,54]. The
PLLA thin film with 100 nm thickness premelted at 220 ◦C was
isothermally crystallized at 160 ◦C and the whole crystallization
process was in situ monitored by a temperature-controlled AFM.
A typical set of time sequential images recorded by AFM is shown
in Fig. 8. The first image is taken after crystallization for 10 min, in
which only melt was observed. In Fig. 8b, an edge-on lamella has
been nucleated. This lamella can propagate both parallel and per-
pendicular to film surface. Further growth of the lamella introduces
some curvature (Fig. 8c). After crystallization for 21 min, edge-on
lamella suddenly changes its orientation and a flat-on lamella is
generated at the lower left growth tip of the lamella (Fig. 8d).
Another flat-on lamella appears at the other growth tip as indi-
cated by the white arrow in Fig. 8e. The two flat-on lamellae keep
on growing to form approximately hexagonal crystals, while the
growth of edge-on is totally impeded due to the enclosure of flat-
on lamellae. The whole transition process happens under constant
experimental conditions (film thickness, temperature, substrate
and so on). In addition, the growth rates at the direction paral-
lel to the film surface for edge-on and flat-on lamellae are almost
the same. Based on these facts, one may conclude that the pref-
erence of lamellar orientation is mainly nucleation controlled. At
the beginning of crystallization, the nucleation of edge-on lamel-
lae is preferred. Consequently, edge-on lamellae are first observed.
If flat-on nuclei are purposely added to the film as soon as the
crystallization begins, they will definitely develop because they
possess the same growth rate as edge-on lamellae do. Although it is
much harder for flat-on lamellae to nucleate homogenously at the
film surface, they can nucleate easily at the growth tip of edge-on
lamellae as revealed by experiments.
Kikkawa et al. have proposed a possible mechanism to explain
the phenomenon mentioned above [53]. They assumed that several
parts of molecular chains might not be incorporated and packed
into the crystal lattice due to molecular inclination and chain shift in
edge-on lamellae. As a result, loops and long cilia (amorphous chain
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ig. 8. A series of AFM deflection images of S-shaped edge-on crystal and hexagona
rame (A) was taken at 10 min after the sample temperature was stable at 160 ◦C. Th
ndicate the flat-on lamellae developed from edge-on lamellae. Figures are reprodu

nds and repeating units close to them) should protrude on the
rystal surface. These loops and cilia feel two constraints simultane-
usly. One is that they are covalently bonded to the crystal surface,
esulting lower molecular mobility; and the other is that they are
uppressed by the free surface/air interface to have chain direction
erpendicular to the film surface. These constraints force the flat-on

amellae to nucleate on the parent edge-on lamellae. Thus, it is the
onstraints of crystal surface and air/polymer interface that make
he nucleation of flat-on lamellae much easier compared to homo-
eneous nucleation at the surface. An alternative explanation was
iven by Jradi et al. [39]. They assumed that the nuclei formed at
he growth tip of edge-on lamellae were randomly oriented, either
at-on or edge-on. On the basis of the fact revealed by their exper-

ments that flat-on lamellae grow faster than edge-on lamellae,
hey expect that flat-on lamellae will eventually dominate and a
ransition from edge-on to flat-on orientation occurs. This mecha-
ism is significantly different from the one proposed by Kikkawa
t al. In this mechanism the crystal growth rather than nucleation
s the controlling process. As a consequence of this mechanism,
f edge-on lamellae grow faster than flat-on lamellae under cer-
ain circumstance and the orientation of nucleated lamellae is still
andomly chosen, edge-on lamellae will branch out at the nucle-
tion site to develop daughter edge-on lamellae instead of flat-on
amellae. This prediction was actually observed in the work of Li
nd co-workers [68,70] There, an edge-on lamella was observed to
reed more edge-on lamellae and to develop into a lamellar sheaf
nd finally into a spherulite. It is somewhat surprising that the
ranching phenomenon which is supposed to be one of the ori-
ins for forming spherulite can be fitted into current mechanism
or understanding the transition of edge-on and flat-on orienta-
ion. To conclude, edge-on lamellae are preferentially nucleated at
he film surface and nuclei with randomly chosen orientation are
enerated at the growth tip of the initial edge-on lamellae now and

hen. According to the relative growth rate of edge-on and flat-on
amellae, a transition of edge-on to flat-on or of edge-on to edge-on
s expected.

Also, the transition from edge-on to flat-on can be found in
he case of that edge-on lamellae are intentionally created by
n lamellar crystals in PLLA film during isothermal crystallization at 160 ◦C. The first
owing images were recorded with an interval of about 3 min. Arrows in (D) and (E)
om ref. [53], with permission of the copyright holders.

rubbing or scratching amorphous polymer films using AFM tips
[27,39,50,51,56]. In the study of Fujita et al. [56], PCL film with
thickness of about 100 nm was first completely melted and then
subjected to crystallize at various temperatures (46–54 ◦C). As
shown in Fig. 9a, initially the film is featureless and no crystal is
found. After the supercooled PCL film was scratched with AFM tip
at the position indicated by the white dotted line, edge-on lamellae
start to develop from the induction line, with its growth direc-
tion perpendicular to the line (Fig. 9b–d). The growth of edge-on
lamellae is believed to be caused by the alignment of amorphous
PCL chains in the scanning direction induced by the imposed shear
stress. After a certain period of crystallization time, the lamellar ori-
entation changes to flat-on manner at a distance from the induction
line, as shown in Fig. 9e. Later on, flat-on lamellae keep on growing
without further changing its orientation. It has been also found that
the distance from induction line to the position where the change
of lamellar orientation occurs depends little on crystallization tem-
perature and molecular weight.

In contrast, Maillard and Prud’homme [50] reported that this
distance was significantly affected by the crystallization temper-
ature in PLLA films, as the density of edge-on lamellae decreased
with temperature. They also claim that they have observed that flat-
on lamellae could directly grow from induction line. Due to lack
of high resolution images and information at initial time region,
the assertion is not well supported because the length of initial
edge-on lamellae may be too short to be recognized in low reso-
lution images (one can compare Fig. 1 in ref. [51] to Fig. 2 in ref.
[39]). A most recent study carried out by Jradi et al. has demon-
strated that the transition from edge-on to flat-on lamellae could
be highly reduced by changing hard scratching to soft rubbing, i.e.
by reducing the load of AFM tip [39]. The authors raised a hypothe-
sis that the conformation of polymer chains far from the scratched
line (the order of hundreds of nanometers or even microns) was

significantly perturbed due to the entanglement network origi-
nating from large chain length. If this hypothesis is true, there
is higher possibility for hard scratching to induce the nucleation
and growth of flat-on lamellae, and the effect of load of AFM tip is
explained.
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Fig. 9. AFM amplitude images of supercooled amorphous thin film and its AFM tip-induced crystallization of PCL (M = 1.68 × 105 g/mol) at 50 ◦C. The dotted line in (a)
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ndicates the scanning line with a strong, normal load (As/Af = 0.03). The sequentia
eveloped from them after edge-on lamellae grew to some extent. The image frame
rom ref. [56], with permission of the copyright holders.

Intriguingly, while the transition from edge-on to flat-on
amellae was frequently observed, the transition of the opposite
irection, i.e. from flat-on to edge-on lamellae, was rarely encoun-
ered. Yuryev et al. reported that flat-on lamellae could occasionally
ip to edge-on lamellae when PLLA thin films were crystallized at
low supercooling [52]. Recently, Farrance et al. also observed a

imilar transition in crystallization of 1 �m thick PHB films and
ound that the growth of edge-on lamellae was much faster than
at-on lamellae [119]. The third example comes from the study
f crystallization of a diblock copolymer PS-b-PEO in the pres-
nce of solvents [82]. It has been shown that solvent molecules
t the polymer/substrate interface could sufficiently weaken the
nteraction between polymer and substrate, thus the original flat-
n lamellae were no more favored and were changed to edge-on
amellae.

As a final remark in this section, in addition to the typical flat-on
nd edge-on orientations other orientations are also possible. For
xample, the twisting behavior may be invoked by the unbalanced
urface free energy [7]. Due to the space limit of this review, the
ascinating twisting lamellae grown from thin films, which deserve
careful analysis, will not be included here.

.2. Morphology diagram

As mentioned in the previous section, the transition of lamellar
rientation always accompanies changing morphologies in poly-
er thin films. Typical morphologies associated with edge-on

rientation are spherulitic structures and those in flat-on manner

re dentrites and seaweeds. With respect to the study of spherulitic
tructures in polymer thin films, recent interest has been focused
n characterizing the fine structure of banded spherulite, a special
lass of spherulitic structure with lamellar twisting that shows a
eautiful pattern of concentric rings seen under POM contrast to the
n

es show that edge-on lamellae was induced by tip scratching and flat-on lamellae
e scanning rate were 10 �m × 10 �m and 1.0 Hz (20 �m/s). Figures are reproduced

Maltess-cross pattern for normal spherulite, and on understand-
ing the formation mechanism of both banded and non-banded
spherulites, in particular, lamellar tip splitting and branching
mechanisms [22,46,50,69,120,121]. For this progress we are largely
in debt to the feasibility of AFM technique to monitor fine structures
both in situ and in real space with nanoscale resolution. Although
in these studies the thin film morphologies (film thickness is usu-
ally over 100 nm) are investigated, their structures are considered
the same as in bulk so that the results obtained in thin films can
be readily applicable to bulk case and confinement effect has been
seldom concerned. Since the purpose of this review is to deal with
the impact of introducing 1D confinement, we refer the interested
readers to the original publications. Here we restrict ourselves to
examining morphologies relating to flat-on orientations in ultra-
thin films and in monolayers.

When polymeric materials form single crystals, they crystallize
in a faceted manner. As discussed previously, the faceted crystals
take the form of lamellae, which are single crystals with hexag-
onal, squared, and lozenged shapes, etc. The faceted manner that
lamellae take corresponds to the equilibrium shape resulted from
the anisotropy of either surface energy or kinetic coefficient inher-
ited from the symmetry of crystalline lattice [122]. However, it
has been shown that the presence of facets does not necessar-
ily preclude pattern formation, a non-equilibrium growth process
forming complex self-organized patterns. Pattern formation dur-
ing crystallization, first intensively studied in metals and small
molecules, has attracted increasing interest in polymer science.
Recent studies of polymer crystallization in thin films have revealed

a variety of non-faceted, non-equilibrium morphologies. The rich-
ness of non-equilibrium morphologies has brought about plenty
confusions. For instance, the seaweed structure is sometimes called
dense branching morphology (DBM), or referred to fractal struc-
ture, or termed as finger-like pattern. To clarify these confusions,
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Fig. 10. BMT morphology diagram of possible structures for two-dimensional
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In short, morphologies undergo changes from faceted single crys-
iffusion-limited growth. CS: compact seaweed; FS: fractal seaweed; CD: com-
act dendrite; FD: fractal dendrite. The figure is reproduced from ref. [125], with
ermission of the copyright holders.

unified classification is highly required. Here, we adopt a classi-
cation scheme proposed by Brener et al. (BMT) [123]. The BMT
lassification uses two criteria that each reflect one of the most
mportant features which are essential to describe the morphol-
gy. The first criterion is the pattern internal structure which is
haracterized by the fractal dimension (Df). According to relative
alue of Df, one may discriminate between the fractal (F) struc-
ures with Df < d with d being the space dimension, and compact
C) structures otherwise. A fractal pattern is one with a self-similar
r self-affine internal structure. A true fractal can only be real-
zed in a limit sense where the correlation length becomes infinite,

hich requires zero supercooling for crystallization, leading to zero
rowth rate of crystals. Under non-equilibrium conditions (with a
egree of supercooling), fractal properties within a pattern may
till exist over an intermediate range of length scales. Usually, a
caling range of at least one order of magnitude in length scales is
equired. Another classification criterion deals with the existence
f geometrical order in the morphology. Morphology is called den-
rite (D) if it has pronounced geometrical order; otherwise, the
orphology is called seaweed (S). In this scheme, four distinct
orphologies as being of type FD, FS, CD, and CS can be denoted

ccordingly.
Because similar patterns appear in crystal growth, viscous fin-

ering, electrochemical deposition, and bacterial colony growth,
he pattern formation seems to be independent of many of the
etails of specific experimental realizations, and people believe
hat common mechanisms underlying the pattern formation are
xisted. Remarkable progress of theoretical and numerical research
as been made during the last thirty years, among which the the-
retical framework devised by Brener et al. [123–126] seems to
est agree with the results obtained in crystallization of poly-
er thin films. In the BMT theory, the supercooling � and the

ffective anisotropy ε of surface energy (crystalline anisotropy)
re the two essential parameters. On the basis of a scaling argu-
ent with asymptotic matching requirements, solutions expected

n some limits of the parameters could be recovered, and a mor-
hology diagram, also called kinetic phase diagram in literature,
as successfully constructed (see Fig. 10). The morphology dia-

ram uses the supercooling and anisotropy as principle axes and
iscriminates between dentrites and seaweeds as the basic pat-
erns. Dendrites can grow at arbitrary small �, but usually a finite
mount of ε is required to produce highly oriented tips. Den-
ritic trunks (original branches) exhibit a smooth, approximately
arabolic tip, which propagates without apparent change of shape.

idebranches branch out oscillatory after the main trunk grows
o some extent and grows in crystallographically favored direc-
ions away from the parent dendrite. By contrast, seaweeds do not
equire the anisotropy and is favorable for larger � and smaller ε.
try Reviews 254 (2010) 1011–1037

The advancing growth front repeatedly bifurcates, generating a ran-
domly branched pattern without apparent geometrical order. The
transition between these two patterns occurs around the solid line
(� ∼ ε1/4) in Fig. 10 which is continued by the dotted line. At small
� and ε, the noise is expected to become important and induce
tip splitting. Consequently, both seaweeds and dendrites may fur-
ther change from compact to fractal, resulting in four morphology
regions in morphology diagram. The noise induced length scale a�

is smaller than the tip radius �t. In the range between a� and �t

the structures are fractal with a nontrivial Df (Df ≈ 1.71). This is
one of the most important characteristics that differentiate fractal
structures from compact ones. In the range between �t and the dif-
fusion length lD, both fractal and compact structures are fractal but
with a trivial fractal dimension Df = 3/2. All morphologies become
compact (Df = d) as the length scales being larger than the diffusion
length. In practical, one need to perform a series of measurements
of fractal dimension on various length scales because a� , �t, and ld
are often unknown. Only if a fractal dimension being around 1.71
can be identified on a range of length scales, the fractal manner can
be confirmed.

Within the framework of the BMT theory, most of morpholo-
gies and morphological transitions observed in crystallization of
polymer thin films can be explained systematically. Fig. 11 shows
a list of typical morphologies that are frequently encountered in
experiments. Clearly, lamellar crystals in polymer thin films can
exhibit whole spectrum of morphologies predicted by the BMT the-
ory and an additional morphology with faceted habit. The envelope
of dendritic structures usually displays a regular geometrical shape
just like faceted crystals and sometimes the sides of the shape
can be either concave or convex, indicating the underlying crys-
talline anisotropy. The seaweeds show an overall rounded shape
without any favorable direction for tip growth. Although there are
many irregular branches in compact seaweeds, the reported CS
structures are almost exclusively single crystals in polymeric mate-
rials [78] (see Fig. 1c) in contrast to the cases of metals or small
molecules [127]. The main element of the dendrite is a dendritic
trunk with a parabolic tip, and the main element of the seaweed
is a doublon which consists of two half tips and a groove between
them (see Fig. 11a). For CS and CD structures, the tips of the den-
dritic trunk and doublon are stable against noise. Sidebranches
which fill the space and make structures compact are triggered by
the noise. For FS and FD structures, the noise is strong enough to
destroy the dendritic truck and doublon and fractal structures are
resulted.

According to the morphology diagram, morphological transi-
tions can take place by varying the supercooling, the anisotropy,
or by varying supercooling and anisotropy together to generate
a path in the diagram. Taguchi et al. have examined the super-
cooling dependence of morphology [40]. The i-PS single crystals
were grown at several crystallization temperatures in ultrathin
films (11 nm thick) and the corresponding surface topographies
were recorded by AFM. Under a rather low supercooling (32 K
or a crystallization temperature of 210 ◦C), a hexagonal single
crystal bounded by six (1 1 0) crystallographic planes is observed.
With increasing the supercooling, the 110 facets are no longer
straight: they are first caved in at the middle point to form star-like
structures (205 ◦C); then side branches appears at 200 ◦C form-
ing snowflake-like dendrite; later the density of side branches
increases but the whole shape remains hexagonal (195 ◦C and
190 ◦C); below 180 ◦C the six-fold symmetry is lost and the irregu-
lar tip splitting finally leads to the formation of a compact structure.
tals, to CD structures, and then to CS structures with increasing
supercooling, indicating that the growth of morphology is along
the supercooling line at relatively high anisotropy in the right
region of the BMT morphology diagram. Beers et al. also studied the
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ig. 11. Growth crystalline morphologies observed in polymer thin films. (a) Comp
endrite (CD) or symmetric dendrite. (d) Fractal dendrite (FD). Figures are reprodu
ermission of the copyright holders.

rystallization in thin films of i-PS and observed a similar transition
rom CD to CS by varying temperatures [41]. Zhang et al. reported

similar transition from faceted single crystals to CD structures
hen an intermediate molecular weight PEO fraction was crys-

allized under various supercoolings on silicon wafers [112]. They
lso observed an additional CD to FD transition under higher super-
oolings and lack of FD to CS transition. This observation suggests
hat the growth of morphology in this case occurs along the super-
ooling line at relatively low anisotropy in the middle part of the
MT morphology diagram where dendritic region is divided into
D and CD by the dashed line. The highest supercooling in their
xperiments probably does not reach the CS region. In all above
bservations and other unmentioned results [130,131], there is
common trend that the mean width or the mean separation

ize of branches decreases with increasing supercooling. Generally,
iffusion-limited growth patterns are characterized by the diffu-
ion length defined as lD ∝ D/G, where D is the diffusion coefficient
nd G is the tip growth rate. In crystallization of polymers, it is com-
only accepted that D will decrease but G will increase with the

upercooling. Consequently, lD is reduced accordingly, resulting in
maller mean width of branches.

At a first look, one may simply conclude that this observation
s fully consistent with the BMT morphology diagram except the
aceted to dendritic transition which is not included in the dia-
ram. However, the supercooling in melt crystallization of polymer

hin films in fact does not directly relate to a diffusion field as
he supercooling assumed in the BMT theory does. In the BMT
heory, there is a gradient of concentration or a gradient of temper-
ture at the growth front according to which kind of supercooling
s considered. In crystallization of polymers, however, neither an
aweed (CS) or DBM. (b) Fractal seaweed (FS) or finger-like structure. (c) Compact
rom ref. [128] for (a), ref. [129] for (b), ref. [113] for (c), and ref. [58] for (d), with

appreciable temperature gradient exists because the crystal growth
is slow enough so that the heat can diffuse away from growth front
quickly, nor need a concentration gradient be considered for the
pure materials. By carefully inspecting their AFM images, Taguchi
et al. have observed a gradient of film thickness of melt at the crys-
tal growth front: the thickness of melt increases gradually with the
distance away from the growth front and finally saturated to the
uniform thickness of the liquid film. They conjecture that it is this
gradient of film thickness that introduces the instabilities and an
analogy between crystallization of polymer ultrathin films and that
of solutions can be established. Here, the thickness of melt, which is
proportional to the amount of polymer segment density (per unit
area), is assumed to correspond to the concentration. It is imag-
ined that the segment density decreases near the growth front as
materials are consumed due to the fast surface kinetics and the slow
mass transport process. Although the presence of impurity can also
generate a concentration gradient, this idea seems more convinc-
ing and has been further confirmed by us [29] and Ma et al. [111].
Often, the term depletion zone is used to describe the thickness
depression region and its width relate to the diffusion length. We
reported that the presence of depletion zone was necessary to trig-
ger diffusion-limited growth mechanism before the morphological
instabilities set in on a micrometer length scale [29]. There, the
concept of “2D solution”, which is quite similar to the diffusion-
limited aggregation (DLA) model in which crystals grow from a

gas with a finite density [122,132], was first demonstrated. There-
fore, one may expect that the growth phenomenon in polymer thin
films can be described by the DLA model with finite gas density. At
present, it is still not clear how supercooling affects the diffusion
field with a gradient of the segment density and thus leads to a
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imilar transition of morphology as described by the BMT morphol-
gy diagram. We hope the awareness of the connection between
2D solution” and DLA model with finite gas density may provide
ome new insights. In addition, Ma et al. has measured the width of
epletion zone and found it was close to gyration radius of polymer
hains on solid substrates in the particular case of crystallization of
high molecular weight PEO fraction in ultrathin films on silicon
afers [111]. This might provide a direct way to determine the
iffusion length.

In addition to the morphology diagram, the 2D phase field sim-
lation was also employed to study the supercooling dependence
f selecting morphology. In the study of Xu et al. [133], similar
o the BMT theory, the effect of supercooling and anisotropy on
he formation and transition of morphology has been examined.
y varying supercooling and anisotropy systematically in their
hase field simulations, Xu et al. has established a morphologi-
al landscape similar to the BMT morphology diagram, wherein
ith increasing supercooling or decreasing anisotropy, the edges of

aceted single crystal become unstable and the morphology under-
oes changes from the highly ordered hexagonal shape to CD, and
hen to CS structure. Note that these phase field simulations were
nable to produce fractal structures (FD and FS) mainly due to
normous separation of time scales associated with the surface
inetics and mass diffusion and due to the highly diffuse nature
f the interfaces [76,127]. The theoretical and numerical studies
f fractal structures are commonly based on the diffusion-limited
ggregation (DLA) model [132,134–138]. Nonetheless, Taguchi et
l.’s and other authors’ observations were perfectly repeated by
he simulation [40]. An interesting phenomenon discovered in
imulations is that it is impossible to grow all kinds of mor-
hologies by varying only supercooling as in experiments. The
uthors thus argue that the anisotropy must have some temper-
ture dependence. If this hypothesis is valid, the anisotropy will
ary with the supercooling and the morphology will pass the mor-
hology landscape in a curved path. In a study of crystallization
f a low molecular weight PEO fraction (Mn = 5000 g/mol) with
ltra-narrow molecular weight distribution (PDI = 1.008), Zhai et al.
bserved a “reversed” transition that FS changes to FD with increas-
ng supercooling [30]. This phenomenon is incompatible with BMT

orphology diagram but can be readily understood by introducing
he temperature dependence of anisotropy. Then the morphology
an move along a curved path with the starting point at the low �
nd low ε of the FS region and end point at the high � and high
of the FD region with increasing supercooling. In this context,

owever, a temperature gradient is considered to be responsible
or producing instability other than the segment density gradient.
f the segment density gradient is considered instead, a possible
xplanation is that a linear decrease of crystallization temperature
ay result a non-linear behavior of segment density gradient which

an also draw a curved path on the BMT morphology diagram using
egment density as �. If it is the case, the temperature dependence
f anisotropy becomes unnecessary.

Contrast to supercooling, as ε has never been measured for high
olecular weight polymers [75,76] experimentally, the effect of

nisotropy is much harder to investigate compared to � and few
esults have been reported. In principle, ε can be determined from
nalysis of the mean tip radius of dendrites, the tip growth rate,
he capillary length, and the diffusion coefficient, or from crystal-
ization near equilibrium [75]. Despite the lack of the exact value
f ε, Ferreiro et al. reported a feasible method to tune the sur-
ace tension anisotropy by varying the composition of a polymeric

lend, PEO/PMMA, which is composed of a crystallizable polymer
PEO) and a non-crystallizable polymer (PMMA) and these two
omponents are completely miscible [75,76]. Upon crystallizing
EO component in thin films, they observed a transition of mor-
hology from spherulite, to CS, then to CD, and finally to FD with
try Reviews 254 (2010) 1011–1037

increasing PMMA concentration. Then a comparison between the
observed crystal morphologies and those generated by a phase
field model with the effective anisotropy varied by tuning the
concentration of Cu component of Ni–Cu alloy has been made. A
remarkable agreement for CS to CD transition is found, and the
fact that the ε increases with PMMA concentration can be con-
firmed. Obviously, the transition from CS to CD can fit in the
BMT morphology diagram quite well. While the CD to FD tran-
sition is not predicted by the phase field simulation, the authors
suggest that the high viscosity of blend film with high PMMA con-
centration should have an impact on the stability of the growth
tips, and moreover, the low concentration of PEO could also con-
tribute to the noisy nature of the resulting FD patterns. In addition,
the BMT morphology diagram is also incapable of explaining the
CD to FD transition which occurs when ε is enhanced. Recently,
Okerberg and Marand also explored the crystalline morphologies
in crystallization of PEO chains mixed with PMMA in thin films
[77,78]. Morphology maps, as functions of PMMA molar mass and
crystallization temperature at different blend compositions, are
constructed, to demonstrate the roles of the various controlling
parameters. The general trend of CS to CD transition with increasing
ε, i.e. PMMA concentration, can be extracted from the morphol-
ogy maps ignoring two novel morphologies of needles and stacked
needles. The comprehensive morphology maps may serve as a
general guide for further studies of morphological transitions and
growth kinetics as functions of supercooling, anisotropy and chain
length of non-crystallizable component in certain morphology
regime.

Besides � and ε, the effect of film thickness h on morphol-
ogy selection has also been examined by several researchers
[41,57,76,113,114,128]. Taguchi et al. reported the film thickness
dependence of morphology of i-PS single crystals grown at 180 ◦C
in ultrathin films with thicknesses between 4 and 20 nm [128].
The CS structures appear at large film thickness and change to the
more open FD structures by reducing film thickness. At higher crys-
tallization temperatures (190 ◦C and 195 ◦C), a transition from CD
to FD occurs through decreasing film thickness [113]. Mareau and
Prud’homme also observed that the CS structure of crystallization of
15 nm thick PCL films on silicon wafers could change to FD structure
when the film thickness shrank to 6 nm [57]. Taguchi et al. suggest
that the gradient of the film thickness should play an essential role
in morphology instabilities and the selection of morphologies. But
questions about how this gradient of the film thickness leads to
morphological transition have not been addressed. Similar to the
case of supercooling, the variation of the characteristic length of
observed morphologies shows a common trend that the charac-
teristic length increases and structures become more open as the
film thickness decreases. This trend has been explained as that the
characteristic length is of the order of diffusion length lD = D/G. At
a certain temperature, while the D keeps constant, the tip growth
rate G is measured experimentally decrease with film thickness.
However, the origin of film thickness dependence of G remains
unclear.

To understand the h dependence of G, actually, one can get some
hints from the idea of “2D solution” mentioned previously. In a
numerical study of growing crystals from a gas with a finite density
ng, which is a sound analogy to “2D solution”, Uwaha and Saito
[139] found that the aggregate growth rate and the gas density
obey following relation for low ng (<0.3),

G ∝ n1/(d−Df )
g . (1.1)
For high ng, the speed of increase of G with ng slows down;
and a fractal to compact transition of morphology occurs when the
increase of G deviates from Eq. (1.1). In “2D solution” of polymers on
substrates, the analogue of gas density is the segment density which
is the concentration of “2D solution”. Since h must be proportional
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o the segment density, i.e. h ∝ ng, one can expect the following
elation,

∝ h1/(d−Df ), (1.2)

here for the space dimension d = 2, the typical value of Df is 1.71
or fractal structures and is 1.5 for compact structures, respectively.
q. (1.2) may give a general relation between G and h as G ∝ hv,
here v = 1/(d − Df) can vary from 2 (compact) to 3.45 (fractal). It
redicts that the aggregate growth rate will increase as a power

aw with the film thickness, which qualitatively agrees with exper-
mental results [90]. Moreover, the deviation of increase of G with

at high h region was also confirmed by Taguchi et al. [113,128].
owever, Eq. (1.2) is somewhat different from the empirical rela-

ion of G = G∞(1 − a/h) [115], where G∞ is the crystal growth rate
or infinite thick films (i.e. bulk) and a is a constant. The empirical
elation has been proved to fit experimental results quite well for
he film thickness larger than the thickness of lamellae (the rela-
ion will not be obeyed when the film thickness is smaller than the
amellar thickness [90,113,128]), though no clear physical meaning
as been found [40,113,128].

Other parameters, such as impurity, solvent, thermal history,
nd substrate, can also affect the growth and selection of instability-
esulted morphologies, but none of them has been well studied to
ate [57,58,77,78]. We finish this section here in a hope of that more
uture studies will be done to elucidate the fundamental mech-
nisms of formation and transition of various diffusion-limited
rowth morphologies, in particular, the role that segment density
radient plays at the growth front.

. Crystallization kinetics

In previous section we have discussed the morphologies of
olymer crystals in thin and ultrathin films. Crystallization kinet-

cs plays the central role in determining intermediate and final
orphologies, and all other factors indirectly affect the develop-
ent and selection of morphology through changing crystallization

inetics. In general, polymer crystallization being one kind of
rst order phase transitions can be separated into the nucle-
tion step and the subsequent growth step. The nucleation step
s called homogeneous nucleation if no preformed nuclei or for-
ign surfaces are introduced; otherwise it is called heterogeneous
ucleation.

Following the nucleation step, nuclei continue to grow by adding
ew amorphous materials to the existing crystal growth front,
esulting in various macroscopic crystal patterns ranging from
eometrical-simple single crystals to highly complex superstruc-
ures like spherulites. For bulk crystallization, there are several
nown difficulties in studying the kinetics of both nucleation
tep and growth step. For example, true homogeneous nucleation
ay not really be achieved because the foreign particles, which

an induce crystallization, are expected to always present in all
onventional experiment conditions. And, usually overall crystal-
ization rate is easier to obtain in practical, but existing polymer
rystallization theories are originally planned to describe the lin-
ar growth of a single lamella. It is possible to obtain the linear
rowth rate of spherulites through measuring their radius changing
ith crystallization time. However, according to the morphological

haracteristics, the formation of spherulites is usually attributed
o diffusion-limited growth. Therefore, the radial growth rate is
xpected to be different from the rate of lamellar growth front. But

xperimentally it can be fitted to LH theory quite well. Goldenfeld
ttempted to solve this controversy by extending the well-known
eith–Padden theory [140]. It was proposed that the radial growth
ate may be governed by a kinetic term in the equation of diffusion-
imited growth, which guarantees the two growth rates, one for
try Reviews 254 (2010) 1011–1037 1025

observed spherulites and one for HL theory prediction, agree with
each other. Experimental results of linear growth rate of single
crystals in bulk state mainly obtained from POM are only avail-
able for low molecular weight systems like LMW PEO. As pointed
out by Point and Kovacs [141], Putra and Ungar [142], and further
by Cheng [7], LH theory alone is insufficient to describe the growth
kinetics of single crystals of LMW polymers. As will be presented in
the following subsections, crystallization in 2D space is much eas-
ier to be followed and may provide some new insight on studying
crystallization kinetics.

3.1. Primary nucleation

In practice, homogeneous nucleation can rarely happen in bulk
samples due to contamination of foreign particles that lower the
nucleation barrier and thus cause heterogeneous nucleation. The
traditional approach to observe the elusive homogeneous nucle-
ation is the droplet method, where the droplets are sufficiently
small (down to 1 �m) so that most of them will be free for het-
erogeneous nuclei. At very large supercoolings, the crystal growth
rate is much faster than nucleation rate, resulting in a single
nucleus crystallizing the whole droplet. This ensures that single
nucleation event takes place in one droplet. Taking advantage of
this separation of time scales, it is possible to study nucleation
independently from crystal growth. In polymer crystallization,
a similar approach for studying homogeneous nucleation was
recently introduced by Reiter and co-workers who utilized AFM to
directly visualize crystallization of PEO in the spherical domains
with a radius of 5.9 nm created by mircophase separation of a
diblock copolymer in thin films on silicon wafers [87,143]. The
spherical domains of PEO blocks mimic droplets in traditional
approach quite well. The most important result of their direct-
space observations is that crystallization occurs randomly across
the entire family of spherical domains, and the nucleation events
show no correlation between neighboring crystalline sites. The
nucleation process characterized by the variation of fraction of
crystallized spherical domains with time obeys the common law
of n/n∞ = 1 − e−t/� for homogeneous nucleation in the bulk, where
n and n∞ are the number of crystallized spherical domains and
the maximum number of crystallizable spherical domains, respec-
tively, and � is the characteristic time of the process. A large
supercooling (60 K) was required to facilitate homogeneous nucle-
ation for domains of PEO blocks in the block copolymer systems
studied. In another approach, using dewetted samples, Massa et
al. [144] and Massa and Dalnoki-Veress [32] built a new system
containing tiny droplets of PEO on a PS substrate to investigate
homogeneous nucleation. A smaller supercooling was needed to
trigger homogeneous nucleation for this system compared to the
block copolymer system (crystallization temperature of −5 ◦C for
former and −23 ◦C for later). Moreover, the broad distribution of
droplet sizes obtained in dewetted samples allows studying the
dependence of the nucleation rate on the length scales. The char-
acteristic time scale � scales with the size of the droplets R as
� ∼ R−3.2. The exponent −3.2 is quite close to −3, the expected
value for homogeneous bulk nucleation, indicating that homoge-
neous nucleation occurs in the bulk of the droplet rather than on
the interface between the bottom of PEO droplets and PS substrate.
Further analysis on the dependence of nucleation rate on super-
cooling adopting data from both dewetted samples and diblock
copolymers is consistent with the prediction of the classical nucle-
ation theory, which confirms the homogeneous bulk nucleation

in these two very different systems. And it can be concluded that
homogeneous bulk nucleation is not affected down to length scales
of about 10 nm, an even more remarkable result. These excel-
lent examples of successfully studying homogeneous nucleation
are greatly in debt to the simple geometry of quasi-2D space in
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hin films which can be directly visualized by optical methods
r AFM.

Besides, Lei et al. [68] and Schönherr et al. [38] also claimed
hat they observed spontaneous homogeneous nucleation during
rystallization of relatively thick films (hundreds of nanometers)
n the film surface region. The embryos appear and vanish back
nd forth before they eventually reach a size large enough to grow
teadily, which is typical in the context of classical nucleation the-
ry. However, detailed kinetic data were not available, mainly due
o too small number of the nucleation event occurring on the film
urface.

Usually, spontaneously crystallization of thin films on substrate
an be extremely difficult especially for ultrathin films at relatively
igh crystallization temperatures [20,145,146]. For ultrathin films
f PDHS with thickness thinner than 15 nm, there was no detectable
rystallinity. Compared with homogeneous nucleation, heteroge-
eous nucleation possesses much lower nucleation barrier, and
hus is widely used to enhance crystallization of polymer thin films.
t is often reported that AFM tip can induce nucleation effectively
ither by nanoindentation [147] or by scratching [27,39,50,51,56].
e studied the effect of both lateral and vertical perturbations

rom the AFM tip on crystallization of PEO fractions with various
olecular weight ranging from 1.0 × 103 to 1.0 × 105 g/mol in thin

lms on mica substrates. While no crystallization can be induced by
ateral perturbations either in hard-tapping or nanoscratch modes
n our experiments, tip-induced-nucleation is successfully realized
o form flat-on lamella in nanoindentation mode where a verti-
al tip force is applied to perturb the melt droplets of PEO with
olecular weight larger than 1.0 × 104 g/mol. The flat-on orienta-

ion of induced crystals implies that the PEO chains are stretched
nd pack together to form nuclei with chain axis parallel to the
ip force direction which is normal to the film surface in nanoin-
entation mode. Moreover, the tip-induced-crystallization is only
ossible for high molecular weight, suggesting that the chain length
ffect, most probably related to the chain entanglement within the
elt, is critical for chains to be stretched by the AFM tip. On the

ther hand, one may expect that if lateral perturbations such as
cratching or rubbing on the film surface can lead to crystallization,
hains on the film surface should be aligned along the tip moving
irection, which is parallel to the film surface, resulting in form-

ng edge-on nuclei which develop into edge-on crystals. Indeed,
his has been observed in crystallization of various polymers
uch as PE (Mw = 1.2 × 105 g/mol) [148], PEO (Mw = 1.0 × 105 g/mol)
27], PLLA (Mn = 1.1 × 105 g/mol) and PDLA (Mn = 1.2 × 105 g/mol)
50,51], PCL (Mn = 1.68 × 105 and 4.47 × 104 g/mol) [56], and i-PS
Mw = 4.0 × 105 g/mol) [39]. A general feature of this type of tip-
nduced crystallization is that the induced edge-on lamellae grow in
he direction perpendicular to the tip scratching line, which is quite
maginable since the orientation of the chains within the induced
uclei is parallel to the scratching line and the direction of growth

ront is determined accordingly. It is also common that these edge-
n lamellae will switch into flat-on lamellae after they grow to some
xtent as described in Section 2.1. Lateral perturbation can even
nduce nucleation for polymer thin films at glassy state where the
eformation of the amorphous sample after scratching or rubbing

s expected to be small and limited. Jradi et al. reported that an
xtremely high nucleation density of edge-on crystals at the edge
f the scratched area or within the rubbed region was observed after
ubsequent isothermal crystallization of i-PS at room temperature
hich is well below its glass temperature [39]. It seems that one

an roughly reach a conclusion that AFM tip can induce crystalliza-

ion as long as chains can be oriented to form stable nuclei and the
esulting lamellar orientation depends on direction of the tip force
hat applied explicitly.

Another way to induce crystallization is self-seeding, which is
ommonly achieved by heating pre-crystallized samples to some
try Reviews 254 (2010) 1011–1037

temperatures near melting temperature followed by holding there
for a certain period of time to obtain the number of remaining small
crystallites that are needed. Those remaining crystallites act as for-
eign particles to induce crystallization after quenching the sample
to some lower temperature. Self-seeding is an important technique
for controlling polymer crystallization in the bulk. For thin film
crystallization on solid substrates, one can use it to grow mono-
layer crystals at low supercooling, which was best demonstrated
by Chen and co-workers [29].

3.2. Crystal growth

As compared to primary nucleation, crystal growth in crys-
tallization of polymer thin films has been studied much more
intensively. Although direct quantitative comparison of kinetic
results obtained from a variety of quite different experimental
approaches is hardly possible and controversial cases are occasion-
ally reported, a general trend can be still recognized: there is a
systematic deviation of crystallization kinetics from bulk behavior
when crystallization takes place in thin films. The rate of crys-
tallization decreases significantly upon reducing film thickness,
leading to an increase of crystallization time, a reduction of the lin-
ear crystal growth rate and of the Avrami exponent as well. When
studying the crystal growth stage, one should always keep in mind
that which experimental approach is used and thus which crys-
tal growth rate (overall crystallization rate or linear growth rate)
is obtained. Overall crystallization rate usually characterizes the
crystallization process using the conversion rate from amorphous
materials to crystals, while linear crystal growth rate is obtained
by directly measuring the propagation of crystal growth front of
individual lamella. For measuring overall crystallization rate, it is
difficult to exclude the contribution of nucleation, and moreover,
the effects of impingement and non-linear growth arising from
diffusion-limited growth are all averaged. In contrast, linear crys-
tal growth rate explicitly relates to the growth process. However,
one needs to measure a sufficient number of lamellae that grow
under the same conditions, which requires much more experi-
mental effort; sometimes, due to geometrical restrictions of some
special samples, it seems impossible to access the linear growth
rate experimentally even via imaging techniques.

To date, there are mainly three explanations for interpreting the
slowing –down of the crystallization kinetics in thin polymer films:
a reduction of molecular mobility due to an increase of the glass
transition temperature of the system [27,149], the presence of a
reduced mobility layer at the polymer/substrate interface [42–44],
and the reduction of the number of active nuclei at a reduction
of the thickness [43,150]. The first explanation was proposed by
Schönherr et al. who studied the overall crystallization kinetics of
PEO ultrathin films using grazing angle RA-FTIR spectroscopy [27].
The FTIR data showed that the half-crystallization times increase
considerably when film thicknesses become smaller than ∼200 nm,
an indication for slowing down of the crystallization kinetics. Note
that the critical thickness that crystallization kinetics of thin films
begins to deviate from the bulk values exceeds the Rg of the polymer
by many times, implying that the interactions at polymer/substrate
interface may operate over a longer distance than the polymer
size as expected. This interacting range coincides well with that
of the glass transition temperatures and mobilities of various poly-
mers, leading to the author presuming that the slowing down of
the crystallization kinetics is due to the increased glass transition
temperature (Tg) of ultrathin PEO films on attractive substrates. It

is argued that an increase in Tg is physically reasonable and is well
supported by experiments. In particular, an increase in Tg would
increase the temperature at which molecular motion ceases (T∞)
and hence slow down the transport of material at the crystal growth
front. In fact, the experimental results can be successfully described
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y LH theory with a correction of the transport term according to
he increase of T∞ in the linearized Hoffman–Lauritzen equation.

This classical explanation, however, has been challenged
ecently by Napolitano and Wübbenhorst [42,44]. They were aware
f the work by Zhang et al. [66,151] in which crystallization kinetics
f PET thin films also slowed down with decreasing film thickness
ut a decrease of the Tg instead of increase was observed, appar-
ntly contradicting Schönherr et al.’s results. Moreover, their own
esults obtained from DS measurements also showed a tremen-
ous slowing down of crystallization kinetics in PHB ultrathin
lms, while the measured dynamic Tg remains almost constant
ith the film thickness down to 26 nm. These results mean that

he molecular diffusion (characterized by crystallization kinetics)
oes not necessarily relate to the segmental mobility (charac-
erized by the dynamic Tg), violating the Stokes–Einstein and
ebye–Stokes–Einstein relations and generating a paradox. This
aradox can be solved, as suggested by Napolitano and Wübben-
orst, by invoking the presence of different length scales over which
he diffusion and its precursor, the segmental mobility, feel the
eduction of film thickness and the interfacial interactions. More
articularly, a bilayer model consisting of a reduced mobility layer
RML) and a bulk-like layer has been presented. In the bilayer

odel, an effective Tg which takes into account of the contribu-
ions from both the RML and the bulk-like layer was introduced to
eplace the dynamic Tg. Since the RML just close to the substrate
ith an extension in an order of Rg characterized by higher Tg, lower
obility, and almost null expansion coefficient can act first on the

tatic properties (first regime) and then on the dynamical proper-
ies (second regime) of the film itself, the effective Tg will exceed the
ynamic Tg considerably in the case of attractive substrate at first
egime. Consequently, in first regime the crystallization rate will
ecrease with film thickness when connected to the effective Tg no
atter whether the dynamic Tg is the same as or even lower than

hat of bulk samples. In other words, the reduction of the mobility
f the chains at the interface is sufficient to inhibit the transport of
aterial within the entire film resulting in a slowing down of crys-

allization kinetics, without altering significantly the segmental
obility. The influence of nucleation is considered as a correction

actor in bilayer model which further can be simplified by fixing
he factor to be 1 and thus lose its thickness dependence, which
an be important for slowing down of crystallization kinetics with
arying thickness. Here it is worth noting that the bilayer model is
uite similar to the three-layer model mentioned previously: both
ssume a raise of Tg for polymers close to the substrate surface.

The third explanation, as a complement to the second
xplanation, considers the influence of nucleation. The overall
rystallization rate extracted from DS or FTIR was analyzed by a
tandard approach in terms of the Avrami theory [43,66]. Upon
he reduction of film thickness, the Avrami exponent is reduced
rom 3 to 2 accompanied by an increase of the crystallization time.
his implies that either the heterogeneous nucleation is not altered
hen the dimensionality of the crystallization process decreases
ith film thickness, or, alternatively, the number of active nuclei

hat affect the conversion rate of the amorphous phase is reduced
y decreasing film thickness. The latter has been predicted by a
odel by Schultz with an assumption that both the ensemble of

rystals nucleated outside of the considered region and the por-
ion of crystals not contained within the borders cannot contribute
o the crystallization rate [150]. The model predicts reductions of
oth crystallization rate and the Avrami exponent, consistent with
xperiments. However, slowing down of crystallization kinetics

ithout changing Avrami exponent (both 3 for bulk and thin films)
as also been reported, indicating that the crystallization proceeds
nder thermal condition (homogeneous nucleation) [27,149].

The above discussions mainly focus on the deviation of crys-
allization kinetics of thin films from the bulk without concerning
try Reviews 254 (2010) 1011–1037 1027

the exact relation between the crystallization rate and the film
thickness. The linear growth rate, which has been mentioned in
Section 2.2, depends on film thickness in a form of 1 − a/h, as
first proposed by Sawamura et al. [115] followed by Taguchi et al.
[40,113,128] and Grozev et al. [90]. In isothermal crystallization of
ultrathin PEO films, a much stronger dependence of the growth rate
depression for either linear growth rate or overall crystallization
rate with film thickness was obtained [27,149]. The experimental
data could be fitted by an exponential dependence in the form of
exp(1 − a/h). These two relations are both empirical without clear
physical meaning. By mapping the crystal growth in polymer thin
films to DLA growth with finite gas density, we consider that a third
relation with the form of hv is also a candidate to describe the film
thickness dependence of crystallization rate as proposed in Section
2.2. Surprisingly, a more complicated relation found in experiments
was also reported by Massa et al. who indentified a non-monotonic
decrease of crystallization rate of PEO thin films upon reducing film
thickness [114].

For temperature dependence of crystallization kinetics in thin
polymer films, the same laws as that in the bulk are obeyed. Schön-
herr et al. showed that the linear growth rates of PEO can be
successfully described by the LH theory [149]. The effect of the
confinement and the interactions at polymer/substrate interface
merely cause a constant shift of the linearized Hoffman–Lauritzen
plots, keeping the slope of the line unaffected. This shift is attributed
to a corrected transport term accounting for the increase of the
effective Tg in the LH theory. Li and co-workers studied the cold
crystallization of BA-C8 samples using AFM to visualize the growth
of single edge-on lamellae [152]. The results show two crystal-
lization regimes (regime I and II) for LMW samples and three
crystallization regimes (I, II, and III) for HMW samples, in good
agreement with the predictions of the LH theory. They also ana-
lyzed the effect of molecular weight on linear growth rates. The
crystallization at temperatures near Tg demonstrates a power law
of G∝Mn

˛, where G is the linear growth rate and Mn is the molecular
weight. The exponent ˛ was quite similar for different crystalliza-
tion temperatures.

When dealing with either the overall crystallization kinetics
detected by spatial averaging techniques like DS or FTIR or the
growth kinetics determined directly by measuring the size of indi-
vidual lamella with imaging techniques such as OM or AFM, people
might always intend to assume a linear behavior, without concern-
ing the exact nature of the morphology for the growing lamellar
crystals. In fact, lamellar morphology should give some hints on
the growth mechanism. According to the discussions in Section 2.2,
we know that the prefect faceted manner of the growing crystals
should point to the nucleation limited growth mechanism, while
the more irregular morphologies such as DBM and dendrites are
resulted from the diffusion-limited growth. Generally, crystalliza-
tion proceeds in three sequential steps: (1) units to be crystallized
are transported to the crystal growth front (diffusion process); (2)
they are incorporated into the crystal lattice at the surface via
molecular attachment and detachment usually associated with an
activation energy (surface kinetics); and (3) heat is released which
should be transported away from the growth front (heat conduc-
tion) [122]. If all these steps are fast enough, ideal growth laws can
be realized, leading to the equilibrium shape corresponding to the
Wulff plot. But in practical, the crystal growth is often governed by
the slowest steps and the deviation of both morphology and growth
rate from the case of ideal growth is expected. In melt crystalliza-
tion of polymer thin films, step (3) is always faster than the other

two steps and will not be considered further. If step (1) is slow, the
crystallization is diffusion-limited (DL); otherwise the crystalliza-
tion is nucleation limited (NL). It is important to distinguish DL and
NL in crystallization because different growth laws of crystal size
are obeyed for these two mechanisms. Namely, the lateral crystal
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ize (R) increases linearly with time (t) in NL growth, while it varies
s R∝t0.5 in DL growth if the crystal grows in rounded shape. In the
atter case, the crystal cannot grow steadily since the growth rate

ill eventually vanish when the crystal size approaches infinite,
s can be seen from the rate equation: G∝t−0.5. Therefore, to grow
arge crystals in DL mode, the instabilities of the diffusion field at
he growth front should be introduced, which is also responsible
or the morphological instabilities. Then, a new growth law may be
nvoked for this kind of DL growth.

In principle, it is possible to observe all kinds of crystal growth
ode by following the development of single lamella in situ. How-

ver, the study involving analysis of both NL and DL mechanisms is
arely reported. Recently, using LMW PEO ultrathin film on mica
urfaces as a model system, we studied the NL and DL mecha-
isms and the transition from NL to DL by increasing supercooling
29]. Two PEO fractions, one with both chain ends of –OH (HPEO,

n = 4250 g/mol) and the other with one –OCH3 and one –OH
nd groups (MHPEO, Mn = 4700 g/mol), were crystallized at various
upercoolings (�T = Tm − Tc). Since the high energy barrier arising
rom small supercooling and 1D confinement inhibits spontaneous
ucleation from the ultrathin films, the self-seeding technique was
pplied to produce monolayer crystals. The subsequent growth of
onolayer crystals was in situ monitored by a tapping-mode AFM
oupled with a hot stage.
For MHPEO crystallized at 62 ◦C (�T = 2.5 ◦C), the surface kinet-

cs at the growth front are expected to be very slow and becomes
he controlling step since the driving force for crystallization is so
mall. Fig. 12ax shows an AFM height image captured at a late stage

ig. 12. The AFM height images for MHPEO crystallized at 62 ◦C (a) and 60 ◦C, and their c
rystalline planes. The constant t0 in (d) is 21.5 min at which the (1 0 0) faces can be recogn
y �r/�t at time t. The solid line represents the theoretical prediction of G∝t−0.5 for DL
olders.
try Reviews 254 (2010) 1011–1037

where the perfect faceted extended chain [IF(0)] single crystals are
observed. During crystallization, the single crystals keep their regu-
larly hexagonal shape bounded by two (1 0 0) and four (1 2 0) faces.
The distance between two (1 0 0) faces (denoted as 2r indexed in
Fig. 12a) was measured for a number of sequential recorded images.
The plot of r versus t presented in Fig. 12b gives rise to two linear
relationships with different slopes, indicating two linear growth
rates. These two rates correspond to two growth stages: one for
the crystal growing inside the melt droplet containing a self-seed,
and the other for the crystal growing from the surrounded wetting
layer after the melt droplet was completely transformed into the
crystal. The observations of a crystallographically facetted single-
crystal shape and the linear growth rate of characteristic crystal
size allow one to conclude that the crystal growth under this small
supercooling follows the NL mechanism. In contrast to previously
reported results of thin film crystallization, the depletion zone was
not observed, consistent with NL growth where the transport of
material is fast enough to avoid depleting materials near the growth
front.

Next, when increase �T to 4.5 ◦C, the growing shape of MHPEO
single crystal is greatly altered from hexagonal to round rectan-
gular, as can be seen from Fig. 12c compared with Fig. 12a. The
characteristic crystal size 2r, in terms of the distance of two straight

(1 0 0) faces as indexed in Fig. 12c, was also measured as a function
of crystallization time. The plot of r and the calculated growth rates
G as functions of t are given in Fig. 12d. The crystal size grows no
longer in linear manner but non-linearly with time. To obtain the
explicit dependence of r with t, the G–t curve is fitted to a power

orresponding growth kinetics in terms of half distance between two well-defined
ized and r0 is the corresponding crystal size at t0. The growth rate G was calculated
growth. Figures are reproduced from ref. [29], with permission of the copyright
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ig. 13. (a) AFM height image for the HPEO crystallized at 57 ◦C for 166.4 min. (b
eproduced from ref. [29], with permission of the copyright holders.

aw corresponding to DL mechanism. Fig. 12d clearly illustrates
hat the tendency of G decaying with t follows G∝t−0.5, implying
hat DL mechanism was invoked in this case. Surprisingly, a slight
ncrease of supercooling from 2.5 ◦C to 4.5 ◦C can lead to the growth

echanism change from NL to DL. Such a small change of temper-
ture can significantly reduce the surface nucleation barrier which
trongly depends on �T without altering the diffusion process in
he temperature range close to Tm. Consequently, the surface kinet-
cs becomes faster than the diffusion step under �T = 4.5 ◦C.

For crystallization of the HPEO we studied, only DL mechanism
as been observed for �T ranging from 2 to 6 ◦C. Information con-
rming the DL mechanism are shown in Fig. 13. First, the shape
f growing crystals at �T = 5 ◦C (Tc = 57 ◦C) is almost round with-
ut any straight faces (see Fig. 13a). Second, the crystal volume
ncreases linearly with crystallization time (see Fig. 13b). The dif-
erence of slopes between 57 ◦C and 60 ◦C shown in Fig. 13b is
ttributed to higher crystallization driving force at larger �T which
eads to fast consumption of the HPEO molecules at the growth
ront. Since IF(0) crystals possesses uniform thicknesses, the rela-
ion of V∝t is equivalent to r∝t0.5 in terms of the average lateral
rowth size r. Third, an obvious depletion zone has been identi-
ed near the growth front (data not shown here). All above results
nsure the DL mechanism in crystallization of HPEO on mica sur-
ace. Compared with the MHPEO with one end group of –OH and

nother hydrophobic end group of –OCH3, the HPEO possesses two
OH end groups which can interact with the hydrophilic mica sur-
ace more strongly. We assume that this end group effect leads the
PEO chains to move slowly within the liquid monolayer. Conse-

ig. 14. A schematic showing of the depletion zone between the PEO crystal growth fro
EO molecules Cs as a function of the distance x along the radial direction from the crysta
olders.
size (V) of HPEO crystals growing at Tx of 57 ◦C and 60 ◦C vs. time (t). Figures are

quently, the HPEO crystallization on the mica surface just follows
the DL mechanism. But for the MHPEO chains with relatively high
mobility on the mica surface, increase of the surface nucleation rate
with lowering temperature can switch the growth mechanism from
NL to DL.

Our observation provides the first experimental evidence
for polymer crystallization in thin films which follows the DL
mechanism before any morphological instability presents on a
micrometer scale. Despite the difference in morphology, both DL
processes (with or without morphological instability) are assumed
to arise from a concentration gradient of materials to be crystal-
lized, which is related to the depletion zone at the crystal growth
front. Fig. 14a illustrates schematically a possible picture that the
depletion zone may look like. Instead of assuming that the substrate
is continuously covered by polymers and the local thicknesses are
different in the depletion zone, we speculate that the wetting layer
in the depletion zone may even not be continuous but the PEO
molecules within the zone may form a “2D solution” which was
already mentioned in Section 2.2, on the basis of the fact that the
thickness of the wetting layer being about 4.5 nm is even smaller
than the diameter of the unperturbed random coil which is about
5 nm for both HPEO and MHPEO. Then, the surface concentration of
PEO molecules (Cs), defined as the number of chains (or monomers)
per unit area on the mica surface, can be introduced to describe

the diffusion field. This diffusion field, as expected, has lowest con-
centration at the growth front and the concentration gradually
increases until it approaches the normal value of the wetting layer
(see Fig. 14b). With this treatment, the mapping from complicated

nt and the wetting layer (a) and assumed plot of the surface concentration of the
l center (b). Figures are reproduced from ref. [29], with permission of the copyright
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olymer crystallization on substrate to classical 2D crystal growth
as been formulated. We hope this mapping provide some new

nsights on the study of polymer crystallization in thin films even
or DL growth with morphological instabilities. As a first attempt,
e have utilized this mapping to discuss the film thickness depen-
ence of the growth rate in the last part of Section 2.2.

With increasing supercooling, the morphological instability will
ventually set in and this phenomenon is actually most observed in
he literature. It is well established that the tip of the irregular shape
an grow steadily with a constant rate, while the rate of change of
he number of crystallized units is a size-dependent quantity in
he case of DL growth. This kind of growth is strongly related to the

orphology, as we have discussed in detailed in Section 2.2. Here,
e only make a brief comment. For NL growth and DL growth with-

ut morphological instability, the crystal volume V (or crystal mass,
he number of crystallized units, etc.) varies with r in the form of
∝Ar2, where A is a constant related to the shape of the growing
rystal. Therefore, the growth rate in terms of V should scale as t2

or NL growth (r ∝ t) and t1 for DL growth without morphological
nstability (r ∝ t1/2). For DL growth with morphological instability,
owever, V relates to r in the form of V∝rDf (for 2D case, 1 < Df < 2).
hen the growth rate in terms of V depends on t in the form of tDf−1

ince r∝t, in which the exponent is neither 1 nor 0.5. For exam-
le, in DLA growth, the exponent is 0.71 because Df = 1.71. Note
hat this relation is only valid for true fractal structures because
he crystal density n(r)∝V/r2 = rDf−2 asymptotically approaches to
ero as r → ∞. In reality, the crystal density should saturate to the
morphous density near the growth front.

. Metastability of monolayer lamellae

.1. Thickening behavior

Another very important and intriguing phenomenon in crystal-
ization of polymers is the thickening of polymer crystals after their
ormation. As was pointed out in the introduction section, lamel-
ae as the most basic form of polymer crystals are non-equilibrium
bjects trapped in metastable states whose metastability is mainly
haracterized by lamellar thickness or equivalently the number
f folds per molecule. Therefore, from a thermodynamic point of
iew, there should be an intrinsic tendency for the thinner lamel-
ae relaxing to more stable forms, i.e. thicker lamellae with larger
tem length by reducing the number of folds per molecule. This
ind of thickening can be triggered by varying thermodynamic
arameters like temperature and pressure. Indeed, the thicken-

ng of lamellar crystals was discovered in the early days in a study
f annealing experiments on PE in bulk using small-angle X-ray
cattering (SAXS) to measure long periods which characterize the
amellar thickness [153,154]. Later on, lamellar crystals of a vari-
ty of polymers were found able to thicken upon annealing [155].
arly observations of lamellar thickening in bulk crystallization
ave revealed that the measured long periods of the bulk sam-
le increase when crystallized sample is annealed. Moreover, real
pace techniques (TEM and POM) show that lamellar thickening
s always accompanied by morphological changes. In most cases of
arly studies, holes are observed to develop in monolayer lamellae;
ometimes thickening without the hole-formation is also possi-
le, particularly in lamellar stacks where chains can penetrate into
eighboring lamellae.

However, experimental results obtained in the early days either

ack real space information or lack of real-time and size informa-
ion. Now, taking advantages of recently invented AFM and the
impler geometry of thin film systems, one can study the thickening
henomenon of monolayer lamellae down to nanometer scale both

n situ and in real time. To narrow our topic, afterwards only the
try Reviews 254 (2010) 1011–1037

thickening behavior of monolayer lamellae with flat-on orientation
is discussed. Monolayer lamellae on solid substrates normally with
uniform thickness at initial stage can be approximately viewed as
2D structures. Obviously, if no materials are supplied from other
sources, mass conservation requires that the area covered by mono-
layer lamellae will decrease when lamellae thicken themselves. In
principle, lamellae can reduce their area during thickening by either
creating holes inside and thickening at the edge or shrinking their
boundaries and thickening inside. A number of experiments on
lamellar thickening on substrate have been done and most obser-
vations can be categorized into these two modes.

Thickening phenomena are usually observed through annealing
fully crystallized lamellae at temperatures between crystalliza-
tion temperatures (Tc) and melting temperatures (Tm). Sometimes
temperatures below Tc or higher than Tm are also applied in anneal-
ing. Annealing behavior of monolayer lamellae formed via solution
crystallization [26,48,156,157] or in situ melt crystallization in thin
films have been investigated [33,158–161] in various polymer sys-
tems. One of the most studied systems is LMW PEO ultrathin films
on mica or silicon substrates, mainly because the chemical struc-
ture of the sample is simple, the monolayer lamellae are easy to
prepare, and abundance studies on the LMW PEO crystallization
and thickening behavior in bulk of which the results can be used
for comparison. Like the case of crystallization in bulk, LMW PEO
fractions crystallize into integral folding chain crystals [IF(n)] with
a thickness ln being a integral fraction of the extended chain length
L as ln = L/(n + 1), where n is the number of folds per molecules
and is determined by the supercooling. The thickness of LMW PEO
IF(n) lamellae increases in a quantized manner during thickening.
It means that thickened crystals are still IF(n) crystals but with a
smaller n. This stepwise increase of lamellar thickness and the fold
number of a certain crystal or a part of lamella can be unambigu-
ously distinguished by AFM. It is well known that the Tm of polymer
crystals depends on lamellar thickness obeying Gibbs–Thomson
equation due to size effect. The thicker the lamella, the higher the
Tm will be. The Tm of IF(n) lamellae is denoted as Tm(n).

Reiter et al. have studied the thickening behavior of
monolayer lamellae of LMW PEO upon annealing intensively
[2,130,131,161–164]. Monolayer lamellae of a LMW PEO fraction
(Mw = 7600 g/mol, L = 49 nm) were prepared in thin films at 25 ◦C,
well below the Tm(0) (64 ◦C in bulk), and were then sequentially
annealed for 5 min at increasingly higher temperatures. Fig. 15
shows some representative high resolution images and cross sec-
tions of crystalline domains. For this system, thickening exclusively
occurs at crystal edges to form rims; and the width of rims increases
with temperatures. It can be interpreted that molecules at the
boundaries with fewer neighbors possess a higher mobility in
comparison with that in the interior. Discrete changes of lamellar
thickness are observed, corresponding to transitions from initial
IF(8) to IF(6), IF(4), and then to IF(2) lamellae with increasing
annealing temperatures. The fingers of fractal lamellae first con-
tract and then break up into several crystals. Later on, ripening
happens and the size of lamellae becomes larger but the number of
lamellae decreases. The product of covered area and lamellar thick-
ness is about constant, indicating that the number of molecules
in the observed area is conserved. These observations have been
reproduced by Monte Carlo simulations using a simple lattice
model [131]. For PS-b-PEO lamellae annealed at high temperatures,
the thickening at crystal edges is more pronounced, resulting in
formation of holes inside the lamellae (see Fig. 16). This rim-hole
morphology can be found in various annealing conditions for both

block copolymers and homopolymers.

By taking advantage of thickening mainly at boundaries, a self-
confined state can be created by surrounding the thin interior
region with thicker rims. Owing to the confinement effect, this self-
confined structure may melt differently compared with crystals
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ig. 15. Typical AFM height images for the thickening of PEO (Mn = 7600 g/mol) m
min/43 ◦C, (c) 5 min/54 ◦C. Increasingly darker shades of gray cover a height range
ote the elevation at the edges (marked with arrows) and the changes of the height
f the copyright holders.

f small molecules. Melting starts from surfaces at normal condi-
ions, which typically present the weakest part of crystals of small

olecules. In self-confined structures, however, if we anneal them
t a temperature between the Tm of inner part and the Tm of rims,
he melting will start at the inner part of a crystal, because the rims
re stable against this annealing temperature. Moreover, since the
nner part is confined, it may become more stable and be difficult to
e destroyed, i.e. the superheated phenomenon is expected. Actu-
lly, this intriguing phenomenon has been observed in a LMW PEO
Mn = 4250 g/mol) system by us [159]. The self-confined structure is
uccessfully prepared by carefully annealing IF(3) lamellae at 35 ◦C
Tm(3)]. After the entire periphery of the IF(3) crystal thickened to
F(2) crystals, this structure is stable at Tm(3) or slight higher tem-
eratures, pointing to a superheated phenomenon. By suddenly

ringing the self-confined structure to 39 ◦C [5 ◦C lower than the
m(2)], the chains packed in the interior IF(3) crystal unfolds lead-
ng to nucleation of holes (see Fig. 17a). More intriguingly, the hole
ot only can enlarge its size, but also can migrate within the interior
art simultaneously. For instance, in Fig. 17a hole A is first nucle-

ig. 16. (a) 3D plots of a monolayer crystal of PS-b-PEO (Mn = 3000 g/mol for both blocks)
ection profiles from images in (a). The dotted and the full lines represent the states be
eproduced from ref. [163] with modified labels, with permission of the copyright holder
yer crystals. The size of images is 1 × 1 �m2. (a) After crystallization at 25 ◦C, (b)
to 50 nm. Typical section profiles corresponding to images (a–c) are shown below.

fferent stages of annealing. Figures are reproduced from ref. [162], with permission

ated at the beginning of annealing and then “jump” down near the
boundary (Fig. 17b) with its size enlarged. Later, hole A explore the
right region of the crystal. Note that after the hole moves away,
there is always a trace left behind its motion path. The trajectory is
in fact a thickened domain with a height of 7–8 nm (see the insets
of the height profiles along the dashed lines in Fig. 17d and i) which
is less than the height of IF(2) crystal. Thus the trajectory must cor-
respond to a non-integral folding (NIF) state, whose existence can
be attributed to the self-confined effect. The thickened trajectory
is stable enough to prevent holes pass through it again. Or in other
words, holes may possess a self avoiding walk when they travel
within the self-confined region. The underlying mechanism still
remains unknown.

Most recently, we reported another thickening pathway during

annealing, where the thickening occurred mainly in the lamellar
interior instead of lateral boundaries [33]. A LMW PEO fraction
was also used but with a relatively smaller molecular weight
(Mn = 2000 g/mol) compared to that used in previous studies, which
can only form IF(0) and IF(1) crystals on the substrate. Flat and

crystallized at 45 ◦C (left) and subsequently annealed for 1 min at 54 ◦C. (b) Typical
fore and after annealing. Rim-hole structure is clearly demonstrated. Figures are
s.
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ig. 17. A set of AFM height images obtained at 39 ◦C for various annealing time. T
rrows in (a) and (d), respectively. The insets of (d) and (f) are section profiles along
f the copyright holders.
mooth IF(1) lamellae were prepared via melt crystallization at
8 ◦C or below on freshly cleaved mica. Fig. 18 shows a typical
et of AFM height images of IF(1) crystals annealed at 26 ◦C (about
◦C below its melting temperature). As can be seen, the height of

ig. 18. A set of height images recorded by tapping-mode AFM for the thickening of a PE
he annealing times are (a) 7.0, (b) 20.2, (c) 35.9, (d) 50.8 min; the green region is crystal
ermission of the copyright holders.
e of the images is 4.5 × 4.5 �m2. The birthplace of holes A and B are marked with
rresponding dashed lines. Figures are reproduced from ref. [159], with permission
crystal boundary remains unchanged but the total length of crystal
boundary decreases significantly. Thickening mainly occurs in the
lamellar interior in a way that is similar to nucleation and growth
processes. Thickening domains are nearly rounded and their size

O monolayer IF(1) crystal annealed at 26 ◦C. The images size is 800 × 800 nm2 and
and the orange region is mica surface. Figures are reproduced from ref. [33], with
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ig. 19. AFM height images showing thickening of several PEO monolayer crystals
ef. [158], with permission of the copyright holders.

rows constantly after they have nucleated. The materials needed
or enlarging thickening domains are supplied by shrinking the size
f the IF(1) crystal. The possible mechanism for this thickening phe-
omenon will be discussed in detail in next section. Thickening
ainly occurs in the crystal interior during the IF(1)–IF(0) transi-

ion [33], while during IF(n + 1) − IF(n) (n > 2) transitions thickening
lmost occurs in the crystal edges [161]. It is interesting to investi-
ate the effect of folding state of lamellar crystals on the thickening
ehavior. At present, it is not clear whether the thickening pathway
hall depend on the folding state.

At late stage, as the thickening proceeds, the original IF crys-
als will eventually break up into small thickened crystals and then
he Ostwald ripening process will set in due to the large surface
ree energy of many small particles. The system can minimize its
nergy by eliminating small crystals because they create too many
urfaces. As shown in Fig. 19, this process has been clearly demon-
trated by Zhai et al. when they annealed IF crystals of a LMW
EO fraction (Mn = 5000 g/mol) for a prolonged time at high tem-
eratures [158]. However, the Ostwald ripening in thickening of
olymer lamellae is different from common one. Conventional Ost-
ald ripening occurs as large particles grow and small particles
iminish. For Ostwald ripening in thickening of polymer crystals,
mall but thick crystals can grow by consuming thin crystals, of
hich the lateral size maybe much larger than that of the grow-

ng thick crystals. The fact that this reverse process can happen
s because thick crystals are more stable than thin crystals, and
his effect overwhelms the increase of surface free energy for small
rystals. This is another unique feature of IF crystals.

As thickening phenomena were also reported to occur during
sothermal crystallization in bulk [165], one expects to observe
amellar thickening during the thin film crystallization. Basire and

vanov have detected a slight lamellar thickening (lamellar thick-
ess increases less than 2 nm) upon crystallization of PCL/PVC
5/25 (wt./wt.) blend films [90]. Since the film thickness is ca.
0 �m, this observation must be closer to bulk behavior. Some
uthors mention that crystal growth front is thinner than fully
led at 58 ◦C. Crystals are marked by characters A to F. Figures are reproduced from

grown crystals and lamellar thickening inevitably set in behind the
crystal growth front, but no quantitative results have been pre-
sented; see chapter 6 in ref. [2] by Hobbs and ref. [53,90]. While
in situ observations of lamellar thickening during crystal growth
in monolayer lamellae system are not available at present, com-
puter simulations have provided some insights. Sommer and Reiter
have simulated polymer crystallization in quasi-2D space using a
simplified lattice model [131]. Their simulations predicate that at
long time scales the growing crystals will relax to high order struc-
tures with larger stem length, leading to morphogenesis similar
to that in Figs. 15 and 16. With enhancing the ordering penalty,
corresponding to a decrease of temperature in real systems, a typ-
ical rim-hole morphology is generated, indicating that the role
of crystal edge for relaxation process becomes more pronounced.
We expect more pathways that morphological transformations can
take during isothermal crystallization as long as Tc is high enough
to maintain high chain mobility. In contrast to lamellar thickening
of fully crystallized lamellae, the mother phase for thickening may
keep growing when reorganization of lamellae proceeds. This may
introduce an additional competition effect of growing both orig-
inal thin lamellae and thickened lamellae, where the thickening
proceeds by consuming thin lamellae and the thin lamellae grow
by absorbing materials from melt. If it is the case, new reorganized
morphologies and especially new kinetics of reorganization process
may be realized. The possibility of this type of lamellar thickening
and reorganization deserves our special attention.

4.2. Kinetics of monolayer lamellar thickening

Although lamellar thickening are frequently encountered in thin
film crystallization, detailed quantitative studies on its kinetics has

been reported only very recently. Lamellar thickening and morpho-
genesis of polymer crystals are much more complicated than the
coarsening of small molecule crystals. For small molecule crystals,
the coarsening occurs as large crystals grow by consuming smaller
crystals due to minimization of interfacial energy by reducing total
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Fig. 20. Section profiles through the centers of a typical thickening domain marked
034 Y.-X. Liu, E.-Q. Chen / Coordination C

erimeters (2D) or surfaces (3D). The coarsening kinetics can be
enerally described by the Ostwald ripening mechanism. For poly-
er crystals, however, since folded-chain lamellae correspond to
etastable state, a relaxation process first takes place internally

o lower free energy. This relaxation can great affect the crys-
al morphologies, leading to thick “dams” and creating holes, as
hown in previous section. This process is unnecessary for small
olecule crystals since they are already at the final equilibrium

rystalline state if the size effect is not taken into account. After
r during the relaxation, coarsening of polymer lamellae similar
o small molecule crystals may then set in. The late stage coars-
ning of polymer crystals is still very different from conventional
stwald ripening: as just mentioned above, the small thick crystals
ill grow instead of the large thin crystals. Most previous studies,

s summarized in the previous section, focused on the morpho-
ogical evolution when lamellae are annealed, especially on the
attern where the thickening mainly occurs at the boundaries and
oles develop inside. As it is hard to precisely measure the height
nd the area, those experimental results are somewhat less quan-
ified.

For thin film systems, it is important to know the variation of
rystal height (thickness) and area (volume) with time and the vari-
tion of their growth speeds with annealing temperature, because
hese quantities can be directly compared with those obtained from
nnealing experiments in bulk. The SAXS measurements for anneal-
ng bulk samples clearly revealed that lamellar thickness increased
fter the formation of initial lamellar stacks. Two basic observations
f lamellar thickening in bulk are: (1) the thickness increases lin-
arly with logarithm of time, and (2) the thickening rate of thickness
ncrease with annealing temperatures. If the mechanism of thick-
ning is not significantly disturbed by 2D confinement, one should
xpect that the growth mode of thickening is the same for both
ulk and 2D cases.

Zhai et al. have obtained the height and area variations of a thick-
ned part within the unthickened crystal of a LMW PEO fraction,
oth of which show a linear growth at initial stage and a nearly
ero growth after a certain annealing time at a temperature of 50 ◦C
158]. On the basis of this observation, they conclude that at this
nnealing temperature the thickened part is unable to cause the
est IF(1) crystal to be thickened into IF(0) crystal. However, it is
lso possible that the growth of thickening part is very slow and
heir observation time is limited. One complication involved in the
xperiments by Zhai et al. and others [161] is that the annealing is
erformed non-isothermally. Thus the effects of annealing time and
nnealing temperature are strongly coupled together. This hinders
ne to elucidate the roles of these two factors separately.

In a most recent study, we reported a quantitative analysis of
hickening of LMW PEO lamellar crystals on mica surfaces and the
hickening was also modeled by a phase field simulation [33]. The

orphological evolution during thickening was monitored in situ
sing AFM which was discussed in previous section (see Fig. 18
nd the related text). As thickening domains are mainly generated
nside the original crystal of IF(1) monolayer and they are nearly
ound in shape, we can easily measure their heights and lateral
izes from the section profiles obtained via sectioning the thicken-
ng domain along a horizontal line which passes through the point

ith maximum location. Fig. 20 shows a series of section profiles
f the thickening domain indicated by the white arrow in Fig. 18.
he peaks at the middle of the profiles represent the thickening
omain. Note that the height of the thickening domain (H) is cho-
en as the maximum height of this domain even though the height

cross the entire thickening domain is non-uniform. The size of the
hickening domain (HW) is the peak width at half height. The mea-
ured values of these two quantities as functions of annealing time
re shown in the inset of Fig. 20. At the very beginning, no clear-
ut interface between thickened domain and mother phase can be
with arrows in Fig. 18. The inset plots the values of the peak value (H) and the half-
height peak width (HW) of section profiles as functions of t. Figure reproduced from
ref. [33], with permission of the copyright holders.

identified; both H and HW are randomly distributed around their
minimum values, with a fluctuation amplitude of ∼0.7 nm and a
fluctuation scale of ∼15 nm. After an induction period of ∼20 min,
a distinguishable thickened domain emerges: the HW increases lin-
early and H grows first slowly followed by a rapid approach to
the thickness of IF(0) crystal. The increase of H is sigmoidal, which
remarkably resembles the long period evolution pattern observed
by scattering method for bulk samples. Here only a single domain
is measured, while for bulk measurements the thickness of a large
number of thickened domains (it is not clear what shape they take
and how they distribute in the bulk) are averaged. In addition, the
lateral size HW, which is hard to be detected in bulk, is found to
grow linearly when H begins to grow rapidly.

As indicated by Figs. 18 and 20, the emerging and growing of the
thickening domain are similar to nucleation and growth predicted
by the classical nucleation theory (CNT). Actually, a nucleation-
type model has been proposed for nearly five decades to interpret
experimental observations of thickening in bulk [155,166–168].
The model assumes that a rectangular nucleus with a height of
the length of one repeating unit (d0) is formed on the fold surface.
Once the nucleus appears, the thickened domain with its thickness
constant fast propagates in the lateral direction to cover the fold
surface. The rate of growth of nucleus is so fast that another nucle-
ation event could not occur until the whole lamella is thickened to
l + d0, where l is the thickness before thickening. This nucleation-
type model can explain the linear logarithm increase of lamellar
thickness with annealing time which is observed in thickening of
lamellae. The strong time dependence of the rate of thickening
on approach to the melting temperature can also be explained by
taking into account of partial melting [155] or of introducing an
activation energy for sliding diffusion of molecular backbones in the
crystal [166,167]. However, the assumption of formation of nucleus
and fast growth in lateral direction cannot be observed directly in
bulk. In our quasi-2D observations, the nucleation process has been
successfully observed. The sigmoidal increase of lamellar thickness
may lead to a linear logarithm increase of lamellar thickness with
annealing time. But unlike the assumptions of the nucleation-type
model, our observations reveal that the lateral growth of thick-
ened domains is not that fast. Therefore, there are other nucleation
events after one nucleus is formed, resulting in multiple thicken-
ing domains growing simultaneously, which is clearly shown in
Fig. 18.
Moreover, we can count the number of thickening domains with
increasing annealing time and the variation of the number den-
sity �N (number of thickening per area) is calculated accordingly.
The results for IF(1) monolayers annealed at various temperatures
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Fig. 21. Evolution of the number density of thickening domains for monolayer crys-
tals (�N) annealed at various Ts (a). T-dependence of nucleation rates measured as
t
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beyond some critical value. This may explain why some folded-
he rate of variation of �N at the steady growth stage (b) and counted from simulation
c). Figure reproduced from ref. [33].

24–30 ◦C) are illustrated in Fig. 21a. For all �N–t curves, an induc-
ion period is followed by a steady linear growth of �N, which
s typical for all nucleation phenomena. To obtain the nucleation
ate I, one can find the slope of the steady linear growth part
sing a linear regression technique. Note that the nucleation rate
btained here reflects only the rate of increasing the number den-
ity of thickened domains but not the thickening rate usually
eferred in literature which is the rate of increasing the thickness
f thickened domains. The analogue for the latter in our studies
an be obtained from differentiating H with t. Upon increasing T,

he nucleation rate is enhanced with a sharply drop of induction
eriod. The increase of nucleation rate I with annealing temper-
ture seems to obey the Arrhenius law (see Fig. 21b) with an
ctivation energy of 129.7 kJ mol−1. This dependence is in contrast
try Reviews 254 (2010) 1011–1037 1035

to classical nucleation such as polymer crystallization or melting
where the logarithm of nucleation rate is proportional to �T−2 (�T
is the supercooling or superheating). Therefore, the CNT applied
for polymer crystallization or melting is not readily applicable to
explain this observation.

For the first preliminary try, we built a model with consideration
of the curved interface between thickening domains and mother
phase. A mesoscale simulation technique, the so called phase field
simulation based on the Ginzburg–Landau theory, was applied to
study the transient nucleation phenomenon. Taking advantage of
the simplicity of our 2D crystalline system, we are able to con-
struct a free energy functional containing the well-defined physical
parameters only. In our model, each stem is coarse-grained into a
single point, which can be naturally mapped to the grid point in
finite difference scheme which is used in our actual simulations.
Each grid point is associated with an order parameter 	 defined
by l/l0, where l is the length of the stem in monomer number (the
local thickness) and l0 the contour length of the whole chain. Two
kinds of free energy are considered: local and nonlocal. The local
free energy consists of the free energy reduction due to crystalliza-
tion, the excess energies arising from defects created by chain ends
buried in crystal lattice and chain folds on top and bottom surfaces,
and a deformation energy of chain folds caused by extending or
compressing. The nonlocal free energy includes the surface energy
of top and bottom surfaces of a crystal monolayer, while the surface
free energy of the lateral surfaces is neglected for simplification. The
free energy functional is a combination of the local and nonlocal
terms.

Phase field simulations (time-dependent Ginzburg–Landau
equation type A) are performed on a square lattice for convenience
without concerning the curved boundaries of actual observing IF(1)
crystals. But in addition to the common phase field equation, a
Lagrange multiplier is introduced to ensure mass conservation. We
have collected a number of images from numerical simulations that
can be directly compared to the experimental observations. As a
result, the evolution patterns from simulations agree with exper-
imental results for many aspects, including (1) roughening of the
top surface of monolayer, (2) the present of induction period, (3)
the curved shape of thickening domains, (4) the sigmoidal growth
of H and linear growth of HW, and (5) the evolution of the num-
ber density of thickening domains. These coincidences confirm that
the phase field simulation is feasible in reproducing experimental
observations.

In addition, the T-dependence of nucleation rate was also stud-
ied by simulation. In simulation, we find that the nucleation rate is
quite sensitive to the property of surface free energy of the top sur-
face �e. Keeping �e a constant will result in decrease of nucleation
rate with T, contrary to the experimental observations. However, if
we assume that �e can be expressed as C-BT, a linear decrease func-
tion of T, the Arrhenius-like dependence of nucleation rate with T
can be successfully reproduced as shown in Fig. 21c. It can be under-
stood in the line of following arguments. With increasing T, �e will
become smaller and stems can protrude out of the top surface more
easily, yielding a higher possibility for nucleation. In other words,
the surface free energy is mapped to the line tension which hinders
the nucleation in 2D case. It has become clear that the chain slid-
ing motion provides the manner of thickening whereas the surface
free energy decides whether or not the sliding motion can actu-
ally lead to the nucleation. Furthermore, if we keep the T and other
parameters constant to perform similar simulation, the nucleation
rate decreases with increasing �e and the nucleation process stops
chain crystals cannot thicken or only thicken at T rather close to
their melting temperatures. The reason is that the surface energy
of their fold surface exceeds a critical value corresponding to a
particular parameter space.
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Our observations and simulations imply that nucleation and
rowth is also one of possible mechanisms for lamellar thickening
n bulk state, but the growth rate is not that fast as those assumed in
he nucleation-type model. Thus multinucleation growth mecha-
ism (analogy to regime II in HL theory for polymer crystallization)

s more suitable for describing lamellar thickening than mononu-
leation growth (analogy to regime I in HL theory). One should
nticipate that similar results will be obtained from the nucleation-
ype model using multinucleation growth assumption, though it
as not been done yet.

It is clear that 2D geometry provides us a unique way to study
amellar thickening, and moreover, to study the nucleation phe-
omenon in real space and in situ with the physical picture fully
onsistent with the CNT. The simulation tells the existence of an
nergy barrier associated with the size of critical nuclei. With the
nough large size of the critical nuclei and 2D geometrical restric-
ion, our monolayer system also allows one to directly observe the
ucleation process in the nascent stage, which is only possible for
ome special systems like colloidal system before this study.

. Summary

The morphologies, the crystallization kinetics, and the trans-
ormation between crystals with various metastabilities are three

ost important topics in study of polymer crystallization in thin
lms on solid substrates. However, they are not isolated problems
ut usually relate to each other. The development of morpholo-
ies is controlled by both crystallization kinetics, which are further
etermined by the interactions between macromolecules and sub-
trates as well as the properties of macromolecules at molecular
cale, and the transformation (thickening) of metastable states if
resent. On the other hand, from the growing pattern of poly-
er crystals, crystallization kinetics and kinetics of transformation

f metastable states can be deduced, which may further help
iscover underlying mechanisms. As expected, 2D geometry can
reatly affect polymer crystallization in many aspects. Sometimes
he interactions between polymer and substrate can also be critical,
ut this effect is much harder to investigate.

The slow growth rates together with the possibility to form
imple planar morphologies which can be naturally cast to a 2D
roblem make polymer crystals on solid substrates ideal model
ystems for fundamental studies of nucleation, growth, and trans-
ormation of such metastable phases. Thus, combining these model
xperiments with theoretical concepts, including computer simu-
ations, provides a highly promising approach for improving our
nderstanding of polymer crystallization and may also shed some

ight on central questions of crystal growth phenomenon in general.
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